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ABSTRACT

A statistically designed series of vanadium and niobium microalloyed C-Mn 

HSLA steels was used for an investigation of heat-affected zone (HAZ) 

toughness in multipass welds. The vanadium additions were in the range 0.005 

to 0.097 Wt.% and the niobium additions were in the range 0.004 to 0.06 Wt.%. 

GMAW processes with welding heat inputs of 3kJ/mm and 5kJ/mm and post­

weld heat treatments (PWHT) at 620°C for 2 and 10 hours were employed. The 

detrimental effect of the additions of microalloy elements V and Nb on 

multipass HAZ toughness in the as-welded and PWHT conditions was 

confirmed. The 50 Joule transition temperature (TT50J) for HAZs in all weld 

conditions correlated with maximum HAZ hardness. Increases in HAZ 

hardness and TT50J caused by PWHT were observed. Hence PWHT is not 

recommended for V/Nb microalloyed HLSA steels.

The randomly distributed precipitation of V and Nb carbides (V,Nb)C, 

including dislocation precipitation and matrix precipitation with particle sizes 

of 5-15nm, is the predominant alloy carbide precipitate morphology in these 

steels. Banded morphology of (V,Nb)C precipitation is rarely observed in the 

HAZ. The volume fraction of (V,Nb)C precipitates increases as increasing V 

and/or Nb contents in the experimental heats. The volume fraction of 

precipitates also increases with increasing the PWHT time.

The crack initiation sites in Charpy specimens of HAZs tested at the 

approximate transition temperature are shifted from the highest stress 

triaxiality location to a higher hardness location. This is found to be 

characteristic of fracture in the multipass HAZ of the microalloyed steel. An 

analytical study shows that the influences of additions of microalloy elements 

V and Nb on yield stress, ay8, and fracture stress, Gp eventuate in the increase 

of transition temperature in these materials.
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1. INTRODUCTION

Microalloyed high-strength low alloy (HSLA) steels have 

been in existence for approximately three decades and have 

permeated many sections of modern industry. They are more and 

more widely used in different welded structures such as 

pressure vessels, natural gas and petroleum pipelines, off­

shore platforms, ships, bridges, industrial and commercial 

vehicles because they provide desired mechanical properties, 

and satisfactory weldability, formability and product cost. 

The additions of precipitation-hardening alloy elements Nb, V 

and Ti allow higher yield strength while maintaining the 

ductility and toughness and keeping the welding crack 

susceptibility very low. Compared with the conventional high 

strength quenched-and-tempered steels, microalloyed steels 

have the potential for being welded with little or no preheat, 

and with less stringent process control.

Vanadium and niobium were added as microalloying elements 

in HSLA steels in later 1950s and earlier 1960s, respectively. 

The increasing importance of microalloy in HSLA steels can be 

illustrated by following: while world steel production 

increased by no more than 5% from 1970 to 1982, the 

consumption of niobium as a microalloying element doubled 

during the same period [1].

The carbide-forming elements vanadium and niobium are used 

separately or jointly in C-Mn HSLA steels in small amounts to
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achieve small grain sizes by inhibiting the grain growth of 

recrystallized austenite by carbide/nitride particles. The 

fine-grained microstructure is beneficial as it contributes to 

the optimum combination of higher strength and ductility. 

Moreover, vanadium and/or niobium carbides/nitrides 

precipitate during or after the austenite-ferrite phase 

transformation to further enhance strength, albeit with the 

sacrifice of some toughness.

Although HSLA steels with excellent combinations of 

strength and ductility were developed by adding the micro­

alloying elements V and/or Nb, detrimental effects on impact 

toughness and fracture toughness have been observed, 

particularly on the toughness of the heat-affected zone (HAZ), 

which is critical in welded structures. This has been shown by 

comparisons of weldments made of plates containing V and/or Nb 

to those made of plates with the same nominal compositions but 

without V and/or Nb additions [2][3][4][5].

In this respect, however, there are contradictory views. 

Most investigators have concluded that V and/or Nb additions 

are detrimental to the HAZ toughness, whilst other authors 

reported that HAZ toughness increased with the addition of Nb 

at low carbon (0.08%) content or with the addition of V at 

higher C levels (0.18%) in C-Mn HSLA steels [6]. Japanese 

sources also indicated that V could exhibit a beneficial 

influence on the HAZ impact toughness [7]. Kozasu summarized 

that in the C-Mn system, even a small addition of 0.01%Nb is 
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effective in increasing strength or improving the Fracture 

Appearance Transition Temperature (FATT) in 400-500MPa tensile 

grades and vanadium acts primarily as precipitation hardening 

element with little influence on FATT [8]. The issue whether 

or not, and under which circumstances vanadium and/or niobium 

additions are detrimental to the HAZ toughness needs to be 

addressed.

Actually, the HAZ toughness in microalloyed HSLA steels 

depends on the complex interplay of microstructural 

constituents, grain size, carbide/nitride dissolution and 

reprecipitation, base plate chemistry and HAZ cooling rate. 

Vanadium and/or niobium carbides/nitrides dissolve during the 

heating cycle of fusion welding and reprecipitate if cooling 

is slow enough. It follows that the effect of the addition of 

vanadium and/or niobium on HAZ toughness depends on cooling 

rate from welding, i.e., on the welding heat input, the plate 

thickness and the effect of soluble V and/or Nb and on the 

phase transformation occurring during cooling. The situation 

will be more complicated when two or more microalloying 

elements are presented in the steel.

For the use of microalloyed HSLA steels in pressure vessel 

applications, a lower hardness HAZ is generally required to 

prevent hydrogen-assisted cold delayed cracking during 

manufacture or stress-corrosion cracking during service. An 

HAZ hardness of HV350 is considered as the level inducing 

cracking and an HAZ hardness of HV300 is normally desired. In 
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as-welded HSLA steels the requirements of low HAZ hardness may 

not always be met and therefore post-weld heat treatment 

(PWHT) is usually employed to reduce HAZ hardness as well as 

relieve residual stresses. The HAZ hardnessz however, in V/Nb 

bearing HSLA steels sometimes unexpectedly increases after 

PWHT due to V/Nb carbide/nitride precipitation [9]. The 

dissolved V and/or Nb carbides/nitrides in the HAZ may not 

fully precipitate during fast cooling. The ferrite remains 

supersaturated to room temperature. The subsequent PWHT will 

promote further precipitation hardening in the HAZ. The 

authors at Lehigh also pointed out that PWHT does not 

consistently improve HAZ toughness over the as-welded 

condition and thus PWHT was suggested not to be used in ASTM 

A710 steel [10].

Multipass welding, which is a routine procedure in 

constructional welding practice, complicates the effect of 

V/Nb additions on HSLA steel HAZ toughness. In a multipass 

welding, a range of cycles of progressively lower peak 

temperature will be superimposed at a single HAZ location. The 

HAZ microstructure of each bead will be altered by the 

subsequent weld thermal cycle. The multiple thermal cycles 

which create the HAZ are responsible for various precipitate 

reactions and phase changes. As a result, the metallurgical 

heterogeneity existing in the HAZ of these welds is extremely 

large. Certain physical properties, such as fracture 

resistance, are sensitive to the heterogeneity of the HAZ, and 
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this sensitivity may manifest itself as data scatter.

A number of studies dealing with vanadium and/or niobium 

additions in HSLA steels have been published, but much of this 

work has failed to completely clarify the role vanadium and/or 

niobium additions play in determination of mechanical 

properties of the multipass HAZ in HSLA welds, as well as 

provide microstructural interpretation of the effects of these 

heat treatments.

Therefore, the objectives of this research work have been 

as following: (1) To develop data on HAZ impact toughness and 

hardness under various metallurgical conditions, including 

various vanadium and niobium contents, low and high welding 

heat inputs and various PWHT conditions. (2) To identify the 

specific microstruc-tural details that can lead to significant 

changes in the HAZ toughness and hardness, especially the 

functions of vanadium and niobium additions, welding heat 

inputs and post-weld heat treatment. (3) To investigate the 

fracture mechanism in a multipass HAZ, including crack 

initiation and crack propagation, and the mechanical and 

microstructural aspects that are in control of fracture 

process.
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2. BACKGROUND

2.1. FUNDAMENTAL ASPECTS OF MICROALLOYED HSLA STEELS

2.1.1. BASIC DESCRIPTION

The development of microalloyed HSLA steels was a 

successful metallurgical innovation in which alloying 

additions and thermomechanical processing have been brought 

together effectively to obtain improved strength-toughness- 

formability-weldability combinations through microstructural 

control. All microalloyed HSLA steels contain small 

concentrations of one or more strong carbide and nitride 

forming elements, notably vanadium, niobium and titanium. 

These carbide-forming elements under most circumstances 

combine preferentially with carbon to form very fine 

dispersive carbides. Cementite or alloyed cementite can form 

only if carbon is present in excess of the stoichiometric 

limit required to satisfy the stronger carbide formers V, Nb 

and Ti.

Generally speaking, the carbide-forming elements V and Nb 

have several roles in HSLA steels. Firstly, the dissolved V 

and/or Nb give solid solution strengthening. In ferrite, 

solid solution formation gives rise to a lattice distortion 

and an increase in ferrite hardness. In austenite, the effect 

is to hinder diffusion and hence to delay transformation. 

Secondly, V and/or Nb refine grain size during controlled 

rolling, with a subsequent substantial influence on ferrite 
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grain size resulting from austenite-ferrite transformation. 

Thirdly, the main role of V and/or Nb additions is 

precipitation hardening. A fine carbide/nitride dispersion 

forms during and after phase transformation. The particles of 

vanadium and/or niobium carbides/nitrides have sizes of 

approximately 10 nm and hardness HV2094 for VC, HV1520 for VN, 

HV2400 for NbC and HV1396 for NbN [11]. The fine, hard and 

dispersed particles strengthen the metal effectively. In a 

welding process in microalloyed steels, precipitation in the 

HAZ may not be fully complete due to fast cooling rates. The 

extent of supersaturation of V and Nb in ferrite depends on 

the original concentration of V and/or Nb in the steel, the 

welding heat input and plate thickness. Age hardening takes 

place during PWHT. It then counteracts the softening by 

stress relief and the decomposition of lower temperature 

transformation products such as martensite and bainite. The 

reduction in HAZ hardness by PWHT may be considerably 

suppressed under these circumstances.

2.1.2. BASIC INFORMATION OF VANADIUM AND NIOBIUM CARBIDES IN 

STEELS

The ratio rc/rm of the atomic radius of carbon rc to the 

atomic radius of the transition metal rm determines the 

carbide crystalline structure. For the carbides with 

rc/rm<0.59, a simple lattice will exist with carbon atoms in 

the interstitial positions of the lattice such as VC, NbC, Tic 
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and ZrC. The rc/rm values for V, Nb, Ti, Zr are 0.57, 0.53, 

0.53, 0.48, respectively [11], and thus they meet this 

condition. The V-C phase diagram and Nb-C phase diagram are 

shown as Figure 2.1 and Figure 2.2, respectively [12]. The V-C 

phase diagram shows that at elevated temperature only two 

intermediate phases exist, V2C and VC, both exhibiting wide 

ranges of homogeneity. In the carbon-rich side, below the 

eutectic equilibrium temperature (2670°C) the boundary of the 

VC phase is almost vertical. VC has a NaCl structure with a 

lattice parameter from 0.4126nm to 0.4175nm, depending on the 

carbon content, as illustrated in Figure 2.3 [13]. The fact 

that the lattice parameter increases with increasing carbon 

content implies that vacancies exist in the crystal and the VC 

phase could be hypostoichiometric. The ratio of carbon atoms 

in VC may vary in the range of 43-50 at%.

The Nb-C phase diagram shown in Figure 2.2 indicates the 

wide and homogeneous NbC field on the C-rich side. NbC has 

the NaCl crystalline structure with a lattice parameter 

0.4460nm [14]. The propotion of carbon atoms in NbC may vary 

in the range of 36-50 at.% with a corresponding variation in 

lattice parameter. The hardness of both VC and NbC will 

decrease with decreasing the carbon atomic concentration in 

carbides.

A V-Nb binary diagram shown in Figure 2.4 indicates that 

V and Nb form a continuous solid solution over the full 

concentration range [12]. Also, the carbides and nitrides of
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V and Nb are isomorphous. They are expected to form a wide 

range of compositions in which both the metallic (V and Nb) 

and non-metallic (C and N) atoms can be substituted [15] . The 

above information will assist the electron microscopic 

analysis in this research work.

Figure 2.5 illustrates the precipitation and dissolution 

characteristics of vanadium and niobium carbides in austenite 

[16]. It is well established that VC is much more soluble in 

austenite than NbC. A steel microalloyed with Nb will exhibit 

NbC precipitation at much higher temperature than a V- 

containing steel will precipitate VC. These differences in
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precipitation and dissolution between VC and NbC may result in 

differences in microstructure and mechanical properties in V- 

bearing steel and Nb-bearing steel.

Irvine reported that [17] at the normalizing temperature 

of 950°C, the C-Mn steel containing 0.02% Nb has a refined 

grain size, but there is no precipitation strengthening 

because of the insolubility of niobium carbide at this 

temperature. Reheating at 1100°C and 1250°C produces grain 

coarsening and significant precipitation strengthening which 

increases as the reheating temperature increases. Figure 2.6
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shows the effect of reheating temperature on yield stress of 

C-Mn steel containing 0.02%Nb. A different effect is obtained 

when a C-Mn steel containing 0.05% V is reheated. At the 

normalizing temperature (950°C) the V-containing steel has a 

refined grain size compared with the V-free steel and there is 

substantial precipitation strengthening due to the readily 

soluble vanadium carbide. Reheating at 1100°C and 1250°C 
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produces grain coarsening but little increase in precipitation 

strengthening.

In the as-rolled condition, however, the final 

microstructure and mechanical properties depend not only on Nb 

and V additions but also on the rolling schedule. The degree 

of grain refinement is controlled by the roll finishing 

temperature. Most of the niobium carbide taken into solution 

during reheating remains in solution during the rolling 

operation with precipitation occurring during subsequent 

cooling. The final properties for Nb-steel will depend on the 

reheating temperature prior to rolling. The V-steel has the 

same response to rolling, except that the properties are not 

sensitive to the reheating temperature prior to rolling. This 

is because full solution of vanadium carbides is obtained at 

all reheating temperatures.

The effect of V and/or Nb additions on the microstructure 

and mechanical behavior of weld heat-affected zone (HAZ) in 

HSLA steel will be discussed later on.

2.1.3. PRECIPITATION PROCESSES OF V AND Nb CARBIDES/NITRIDES 

2.1.3.1. PRECIPITATION IN AUSTENITE

Precipitation is sluggish in undeformed austenite, but 

much more rapid in deformed and unrecrystallized austenite. 

The intensity of such precipitation is controlled by the 

amount of strain and the degree of supersaturation [18]. V and 

Nb retard the rate of recovery, which in turn delays the onset 

13



of recrystallization. The precipitates formed at lattice 

imperfections and at grain boundaries, inhibit the growth of 

recrystallized austenite via the pinning of grain boundaries, 

sub-boundaries and dislocation arrays. Gladman has shown [15] 

that the grain growth is inhibited providing the particle size 

is below a critical radius rc

6R*f 3 2
rc = _________ ]1 (2.1)

7T 12 Z /

where f=volume fraction of precipitates, R0=original grain 

size, Z=ratio of radii of growing grains to original grains 

(R/Ro) which is described as a grain size heterogeneity. The 

critical particle size increases as f or Ro is increased. The 

stability of grain boundaries at high temperature is ensured 

if precipitation occurs at as high a temperature as possible, 

and if the precipitates are sufficiently fine to pin the 

boundaries. Three criteria must be satisfied by the 

dispersion:

1. Particle size and spacing must be below critical 

values.

2. Sufficient volume fraction of precipitates must be 

present to maintain spacing below critical values.

3. Low rate of coarsening of precipitation must occur to 

maintain dispersion below critical parameters.

To meet the above requirements, niobium in the form of 

Nb(CN) is one of the best grain pinning precipitates. Vanadium 

is not as efficient a grain refiner, although it has the 
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advantage of forming denser dispersions in ferrite for 

strengthening.

2.1.3.2. PRECIPITATION DURING THE AUSTENITE/FERRITE TRANS­

FORMATION

The kinetics of the ferrite^austenite transformation would 

be influenced by the precipitation prior to transformation, 

and the morphology of the ferrite/austenite interface would be 

modified. There is some evidence to suggest that the 

ferrite/austenite interface can be pinned by precipitates 

formed in the austenite [19].

It is important that the solid solubilities of carbides of 

V and Nb are approximately an order of magnitude less in 

ferrite than in austenite. It follows that substantial 

precipitation of V and/or Nb carbides should take place when 

austenite is replaced by ferrite. In a plain carbon steel, 

the precipitation of Fe3C is mainly in the form of pearlite if 

the cooling rate is slow enough. In V and/or Nb microalloyed 

steels, provided the carbon content is above that needed to 

combine V and/or Nb, the V and/or Nb are not usually 

precipitated in direct association with pearlite. 

Precipitation of V and/or Nb carbides takes place during y/a 

transformation on a much finer scale compared with Fe3C 

because the nucleation and growth depends on the diffusivity 

of V and/or Nb. The precipitates exhibit four morphologies, as 

shown in Figure 2.7 [15].
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1, Planar interface precipitation - parallel bands of 

discrete (Figure 2.7a).

2, Non-planar interface precipitation - apparently random 

precipitation arrays (Figure 2.7b).

3, Non-planar interface precipitation - curved and 

irregular band of particles (Figure 2.7c).

4, Growth of fine carbide fibers (Figure 2.7d).

Several morphologies of VC and NbC were observed in this 

research work and the relevant mechanisms will be discussed 

later.

2.1.3.3. PRECIPITATION AFTER THE AUSTENITE/FERRITE TRANS­

FORMATION

The studies on precipitation during continuous cooling 

subsequent to the y-+a transformation reveal that not all 

precipita-tion occurs in association with y/a interface. Smith 

and Honeycombe indicated that the dislocation densities in the 

ferrite of a microalloyed steel Fe-0.2Ti-0.08C were much 

higher than in the plain carbon steels. Fine Tic particles 

were found on the disloca-tions which would markedly reduce 

movement by climb and would partly account for the high 

densities observed [20]. Research work on simple niobium 

steel by Sakuma and Honeycombe has shown at an isothermal 

transformation temperature as low as 750°C the very finely 

dispersed matrix precipitation of NbC formed extensively 

from supersaturated ferrite [21] [22]. At even lower temperature
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(about 700°C) , uniform precipitation of NbC is suppressed 

probably as a result of the low diffusivity of niobium. The 

microstructures (dislocations and precipitates) formed by 

isothermal transformations in Nb-bearing steel are summarized 

in Figure 2.8 [21].

If the cooling rate from austenization is so fast that the 

precipitation of alloy carbides prior to, during and 

subsequent to the y-»a transformation is not completed, such as 

in the case of the thermal cycle of welding, the precipitation 

will take place during the subsequent tempering or annealing, 

e.g., the post-weld heat treatment for weld stress relief, 

resulting in secondary hardening of microalloyed steels.

2.2. THE HEAT-AFFECTED ZONE (HAZ) IN THE WELD

2.2.1. GENERAL DESCRIPTION OF THE HEAT-AFFECTED ZONE

In a fusion welded joint of structural steel, the heat- 

affected zone is usually a "weak link" in the weldment due to 

its higher hardness and lower toughness. Considering the 

additional unfavorable welding residual stress distribution, 

the HAZ is thus the most critical portion of a welded 

construction.

The true HAZ is the portion of the welded joint that has 

experienced peak temperature high enough to produce solid­

state microstructural changes but too low to cause any 

melting. The HAZ for a transformable steel can be divided into 

a number of sub-zones and this is typically illustrated in
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Figure 2.9 [23] .

Two main regions can be conveniently observed in the HAZ 

in transformable steels: the grain-growth region (or called 

coarse-grained region) which lies adjacent to the weld 

interface, and the grain-refined region which is farther away 

from the weld interface.

The development of the grain-growth region which has 

experienced peak temperature approaching the solidus of the 

base metal depends on the peak temperature, the holding time 

at the temperature, the activation energy of grain growth of 

the steel, the prior thermal and mechanical history of the 

steel and, as described above, the effect of microalloyed 
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elements V and Nb. The grain-refined region has been thermally 

cycled only briefly into the low-temperature portion of the 

austenite region, resulting in significant grain refinement. 

This grain-refining reaction occurs by the nucleation of new 

grains each time the A1 and A3 lines are crossed, either upon 

heating or cooling in welding.

Each HAZ sub-zone refers to a different type of micro­

structure which is governed by the steel chemistry and the 

thermal cycle experienced. The mechanical properties vary 

across the different sub-zones. Among the HAZ sub-zones the 

grain-growth region which experienced the most severe thermal 

cycle usually possesses the worst mechanical properties and 

the most attention is usually given to this portion in alloy 

design and welding procedure. Increase in the peak 

temperature, the time at peak temperature and the cooling rate 

through the transformation range will promote the formation of 

higher hardness constituents in the microstructure of the 

grain-growth region. All these variables are related to the 

weld heat input, weld geometry and material hardenablity. The 

cooling time At8.5 through the range 800°C - 500°C as 

descriptive of a given weld has been widely adopted in welding 

circles as an important index. The temperature of 800°C in 

most HSLA steels approximately represents the A3 trans­

formation temperature and the y/a transformation takes place 

through 800°C - 500°C. The parameter At8.5 can be either 

measured experimentally or calculated with the equation [23]:
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q/v
At8.5 =  (2.2)

2 TT 

where q is the heat input, in terms of welding current and 

voltage and the efficiency of the arc; v is the arc speed and 

q/v represents the heat input per unit length; X is the 

thermal conductivity; e is defined as:

11 1 
___ = ______  - _______ (2.3)
6 \ 773-T0 1073-To /

where To is the initial temperature prior to welding (or pre­

heat temperature).

2.2.2. THE GRAIN GROWTH REGION

Two cycles, the heating cycle and the cooling cycle are 

involved in a fusion welding process. The rate of heating to 

the peak temperature determines the temperature of 

recrystallization, the degree of superheating in the a-» y 

transformation and the rate of coarsening of carbides and 

nitrides in microalloyed HSLA steels. These factors affect the 

degree of grain growth in the HAZ. The cooling cycle, on the 

other hand, affects the final microstructure. Both heating and 

cooling cycles determine the final properties of the HAZ.

As described in Section 2.1.3, the pinning of particles of 

carbide and nitride inhibits the grain growth. Several cases 

in microalloyed steel can be observed. In most steels, 

experimental observations have indicated that grain growth in 

many steels occurs predominantly at temperature above the 
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equilibrium solubility limits of carbides and nitrides. This 

is the case, for example, in a C-Mn-Mo pressure vessel steel 

where the most stable Mo carbide dissolves at a relatively low 

temperature. In V and/or Nb microalloyed steels the V and/or 

Nb carbides may also be expected to dissolve during the 

heating cycle if the peak temperature is high enough. In the 

case of carbide dissolution, the grain growth may be estimated 

by the part of the weld thermal cycle which exceeds the 

solubility temperature of carbides and nitrides, during which 

time unrestricted grain growth can occur. In other cases, for 

example, in Ti-microalloyed steels, the TiN particles remain 

stable during the weld thermal cycle. To estimate the grain 

growth extent in this case, even though the TiN does not 

dissolve, the fact that mean particle size increases while the 

particle spacing increases has to be taken into account.

It is noted that, in real welds, the geometry of the weld 

may not always give a uniform HAZ width. As observed in some 

bead-on-plate welds in this research work, the coarse-grained 

HAZ width is not uniform along the fusion line due to 

differences in local thermal environment.

2.2.3. THE HAZ IN MULTIPASS WELD

In steel-structure fabrication, the multipass welding 

process is commonly employed. The HAZ microstructure of each 

bead in a multipass process will be altered by subsequent weld 

thermal cycle. An effective grain refinement or "normalizing" 
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in the previously deposited weld metal and HAZ will always 

occur. Figure 2.10 is a schematic comparison of the 

microstructures of single pass and multipass welds [23]. 

Figure 2.11 [24] and Figure 2.12 [25] show the details or how 

a portion of each weld pass becomes the HAZ of the subsequent 

pass, and each interpass HAZ recrystallizes into a fine­

grained structure.

In multipass welding, grain refinement is achieved by 

metal transforming to austenite upon heating and transforming 

to lower temperature transformation products upon cooling. The

Coarse columnar

Weld 

metal

Heat affected 

zone

/Yj Coarse grained

Figure 2.10 A schematic comparison of the microstructures 
of single pass and multipass welds [23]

larger the number of beads the greater the volume of reheated 

metal. Changes in toughness and reduction in residual stress 

may result from grain refinement in multipass welding. A weld 

deposited on 2-inch-thick steel plate in 50 passes with the
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SMAW process will produce a much finer grain size in both the 

weld and HAZ than a similar weld deposited in one pass with 

the extremely high heat input electro-slag welding (ESW) 

process and hence the multipass process seems beneficial [25]. 

Economical requirements, however, generally lead fabricators 

to increase the feasible weld deposit size by using higher 

heat input and larger electrodes. The optimum weld procedure 

must be chosen by balancing the merits of microstructure, and 

thus properties, and productivity.

2.3. PRECIPITATION STRENGTHENING MECHANISM

2.3.1. GENERAL DESCRIPTION

As all metallic materials, steel can be strengthened by 

several basic mechanisms, that is, strain (transformation or 

work) hardening, solid solution hardening by interstitial 

atoms, grain size refinement and precipitation hardening. 

Desired mechanical properties are usually achieved by the 

combined use of several strengthening mechanisms. The 

microalloyed HSLA steels are mainly characterized by 

precipitation strengthening and grain refinement 

strengthening. Fine precipitates formed in the matrix create 

a barrier to the movement of dislocations. In the deformation 

of metal, dislocations move along the slip plane. If the 

precipitate particles block the dislocations, they must either 

cut through the particles of precipitates or take a path 

around the obstacles.
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2.3.2. CUTTING MECHANISM

When the interface between the precipitates and matrix is 

coherent, the cutting mechanism applies. Mott and Nabarro 

introduced the first dislocation theory of aged alloys in 1948 

which described the interaction between a dislocation line and 

spherical solute atoms or group of solute atoms, as 

illustrated in Figure 2.13 [26]. The theory can also be 

applied to the G.P. Zone in precipitation hardened aluminum 

alloys. The critical shear stress in terms of cutting 

mechanism is:

t 0 = 8G0ro3N (2.4)

where G is shear modulus, r0 is particle radius, N is the 

number of particles per unit volume and 6 is the misfit 

parameter.

Slip plane [cian)

2

Slip piane (eage-on)

Figure 2.13 Interaction of a dislocation line with zones 
in an alloy - cutting mechanism, 

a) plan view, b) edge-on to slip plane [26]
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In this early expression, G is assumed to be constant, and 

t o is independent of the particle spacing. Experimental 

results revealed that for incoherent particles the yield 

stress is related inversely to the particle spacing and the 

shear moduli of particle and matrix are more likely different. 

When particle cutting occurs, the resistance to shear is 

governed by several factors. As Kelly and Nicholson have 

pointed out, they are [27]:

1, The interaction of the dislocation with the stress 

field of the precipitate.

2, If the precipitate has an ordered lattice, work will be 

done in creating a disordered interface across the slip plane.

3, Difference in the lattice parameters of the matrix and 

precipitate - misfit dislocations must be created at the 

precipitate-matrix interface during shearing of the particles.

4, Difference in the elastic moduli of matrix and 

precipitate: the larger stress must be provided to force 

dislocations through the particles than through the matrix if 

the shear modules of the particles is greater.

5, Difference in atomic volumes of matrix and precipitate: 

a hydraulic interaction would be expected between a moving 

disloca-tion and a precipitate.

In the case of lattice parameter difference, the 

strengthening contribution of misfit hardening was found to be 

[28][29]:

t « Ge3/2(rf)1/2 (2.5) 
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where e is misfit strain, r is particle radius, f is volume 

fraction of precipitated second phase and G is shear modulus.

In the case of ordered-lattice precipitate, the passage of 

a single dislocation destroys the periodicity of the 

superlattice and contributes markedly to strengthening. It is 

suggested that the streng-thening contribution is of the form 

[28-33]:

t « y^(rf/G) 1/2 (2.6)

where y is anti-phase-domain boundary energy.

2.3.3. LOOPING MECHANISM

If the cutting mechanism as described above is not 

operative, for example because the particles have become 

incoherent, the spacing is within a critical range or the 

particle structure is very different from that of the matrix, 

then dislocations may loop around the particles. This is shown 

in Figure 2.14 and is known as the Orowan Model, presented by 

Orowan in 1948 [34].

Figure 2.14 Interaction of dislocation line with particles 
- looping mechanism [34]
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The model is similar to the dislocation looping with the 

Frank-Read mechanism for dislocation multiplication. The 

stress necessary for the dislocations to loop around the 

precipitate is

T = Gb/2 (2.7)

where b is Burger vector of dislocation and 2 is the distance 

between particles. The disadvantage of overaging in 

precipitation strengthening can be well explained with this 

model. For a given volume fraction of second-phase particles, 

2 increases as the precipitates grow larger and consequently 

the stress necessary for the dislocation to loop around the 

precipitate should decrease with increasing particle size. 

Moreover, in the Orowan model, when the particles are by­

passed but leave residual dislocation loops around each 

particle, these loops exert stresses on the particles that are 

often small perfect crystals of high hardness, e.g. 

carbide/nitride in niobium, vanadium, titanium microalloyed 

steels. The stresses from the loops oppose further slip on the 

slip plane by acting on the dislocation sources. Consequently 

this causes rapid strain hardening of the matrix. The 

increment in flow stress due to the strain hardening resulting 

from the loops was found to be [35]

rp = af^ (2.8) ’

where f is volume fraction of precipitates and a is a 

constant. Thus the strain hardening increases with either 

increasing fineness of precipitate or the volume fraction of 
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precipitate. Ansell and Lenel took the Orowan model further 

[36]; they concluded that appreciable plastic flow will take 

place when the particles are fractured as a result of the 

stress concentration caused by dislocations piling up against 

them. These pile-ups must be in the form of multiple loops or 

rings of dislocations around the particles. The theory gives 

a relationship for the flow stress to in terms of the volume 

fraction of precipitate f

G ' f1/3
To = Ts + ____ I _________ ] (2.9)

4a \ 0.82 - fi'J /

where ts is the yield stress of a particle-free matrix, a is 

a constant and G* is the shear modulus of the particles.

In some alloy systems, both particle cutting and looping 

can occur simultaneously.

2.4. TRANSITION TEMPERATURE APPROACH AND CHARPY IMPACT TEST

It has been widely adopted as a typical example in the 

literature and text-books that the Liberty Ships' failures in 

the winter during the World War II were related to low service 

temperatures. The fatal failures in ships, bridges, railways, 

large containers and other steel structures in low temperature 

environments have also been reported. The structural materials 

for ships, bridges and pressure vessels are typically carbon 

and HSLA steels, bcc metals. The yield strength of bcc metals 

is very sensitive to temperature and strain rate. The nature 

of this sensitivity is related to the temperature-sensitive
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Peierls-Nabarro stress contribution to yield strength. In bcc 

metals, the dislocation width is narrow, the Peierls-Nabarro 

stress rises rapidly with decreasing temperature and 

represents a large component of the yield strength in the low- 

temperature regime [37].

The transition temperature approach to fracture control, 

one of the most significant mechanical tests, was developed 

for application to most structural steels and welds. Three 

special experimental conditions are introduced into transition 

temperature testing to suppress the capability of plastic 

deformation of metals. They are

1, low test temperatures - temperature must be low enough 

to determine the defined transition temperature and lower 

shelf energy;

2, high stain rates - commonly using a pendulum or drop 

weight for loading;

3, multiaxial stress state - specimens notched or pre­

cracked .

The Charpy V-notch (CVN) impact test, which provides these 

severe conditions, is the most popular procedure used in the 

transition temperature approach. Significant information can 

be obtained from CVN test, such as, impact energy data, the 

curve of absorbed energy versus test temperature, the defined 

tough-brittle transition temperature, upper shelf energy and 

lower shelf energy, lateral expansion ductility and fracture 

surface morphology.
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Although the Charpy impact toughness has limited 

prediction capacity in fracture-safe design and service life 

estimation for a given component when compared with fracture 

toughness criteria, it is still a meritorious technique. CVN 

testing is simple and fast to perform, the CVN specimens are 

easy to prepare and, the test machinery and testing are low in 

cost. One may recall that as a results of study of the 

failures of Liberty Ships in 1940s, the 15-ft-lb transition 

temperature was determined at that time for ship plates and 

welds to be an acceptable criterion for failure control. This 

criterion has successfully been serving in material selection 

and manufacturing quality control roles ever since.

CVN data are sensitive to the metallurgical quality. The 

imperfections such as interior flaws, inclusions, temper 

embrittlement, overheat and anisotropy may be manifested in 

CVN results.

Ligament

Fracture load 
PF

Initiation energy 

Et

Maximum load 

Prax

Propagation energy 

k Ep

General yield load 

/PG y

Time

Figure 2.15 Schematic load-time curve from an 
instrumented Charpy test [45]
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The total CVN energy ET normally consists of two 

components, the crack initiation energy Ej and the crack 

propagation energy EP. Different materials may show the same 

Et but different fractions of E; and EP and hence behave quite 

differently in toughness/brittleness response.

The instrumented Charpy impact test has also been 

developed. The total fracture energy ET and the components E; 

and EP can be calculated from the load-time curve obtained in 

instrumented CVN test, as shown in Figure 2.15 [45]. Taking 

note of the points of yield load, maximum load and fracture 

load in the curve, the clear images of various stages in the 

fracture process can be provided.
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3. EXPERIMENTAL WORK

3.1. EXPERIMENTAL MATERIALS

3.1.1. BASE PLATES

To evaluate the specific contribution of the microalloy 

elements V and Nb, nine statistically designed experimental 

heats were supplied by USS Technical Center, USX Corp. The 

compositions of the experimental heats are listed in Table 

3.1.

Table 3.1 Chemical composition of 
experimental heats, Wt.%

Heat code C Mn P S Si Al N V Nb

A 0.16 1.19 0.013 0.016 0.24 0.031 0.007 0.005 0.004
B 0.16 1.19 0.014 0.016 0.23 0.032 0.007 0.050 0.005
C 0.16 1.18 0.013 0.016 0.23 0.030 0.008 0.097 0.005
D 0.16 1.20 0.014 0.016 0.24 0.030 0.007 0.005 0.030
E 0.16 1.18 0.014 0.016 0.23 0.031 0.007 0.050 0.029
F 0.16 1.19 0.014 0.016 0.23 0.030 0.007 0.098 0.031
G 0.16 1.13 0.010 0.016 0.23 0.029 0.006 0.005 0.049
H 0.16 1.16 0.012 0.016 0.23 0.030 0.006 0.049 0.053

0.16 1.18 0.014 0.016 0.23 0.029 0.007 0.097 0.060

Various vanadium and niobium additions in the basic 

composition of 0.16%C and 1.20%Mn of the experimental heats 

can be schematically expressed in the form of a three by three 

matrix, giving nine heats, coded as A, B, C, D, E, F, G, H and 

I, shown as below.
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0.005%V 0.05%V 0.10%V

0.005%Nb heat A heat B heat C

0.03% Nb heat D heat E heat F

0.06% Nb heat G heat H heat I

Each heat was cast into a 3-inch-thick slab ingot. Each 

ingot was heated to 1230°C (2250°F) for two hours and was 

direct rolled to 12mm-thick (1/2-inch) plate. The plates were 

then normalized at 900°C (1650°F) for 1 hour followed by air 

cooling.

Figure 3.1 reveals the typical microstructure of these 

normalized plates. The microstructure contains banded pearlite 

together with a relatively fine equiaxed ferrite grain 

structure. The formation of the banded structure is related to 

the Mn segregation [38]. It is known that Mn lowers the A3 

temperature and therefore reduces the ferrite grain size.

The tensile properties of the normalized plates are listed 

in Table 3.2. The results summarized here are the average of 

three tests. Specimens tested were 0.252 inch-diameter with a 

1.0 inch gage length. The carbon equivalent, a parameter often 

used as a measure of weldability, can be given by:

CE = C + Mn/6 + (Cr+Mo+V)/5 + (Ni+Cu)/15

The CE for these heats ranges from 0.36 for heat A to 0.38 

for heat I.
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Table 3.2 Tensile properties of normalized base plates

Heat 
code

Y.S. U.T.S. Eloncr. Area Reduc 
(%)MPa Ksi MPa Ksi (%)

A 334 48.4 483 70.0 39.9 77.2
B 342 49.6 495 71.8 39.0 76.5
C 357 51.8 513 74.4 37.4 75.4

D 373 54.1 512 74.2 38.9 76.0
E 372 53.9 505 73.2 40.3 77.2
F _ 383 55.5 527 76.4 38.2 75.5

G 354 51.3 499 72.4 37.8 76.9
H 380 55.1 514 74.6 38.8 76.5
I 376 54.6 527 76.5 36.8 71.9

3.1.2. FILLER MATERIALS AND SHIELDING GAS

The LINDE HI-DEP Alloy 65 1/16-inch-diameter welding wire 

was employed as filler material in the gas metal arc welding 

(GMAW) used in this program. The nominal wire composition is 

(Wt.%)

c Mn Si S P Al Zr Ti

.04 1.20 .50 .20 .017 .10 .07 .10

The mixture of 98% argon plus 2% oxygen was used as a 

shielding gas. The argon protects the weld pool from the 

surrounding atmosphere and the small amount of oxygen 

stabilizes the arc.

3.2. WELDMENT PREPARATION

3.2.1. WELD JOINT DESIGN

A single-bevel-groove weld joint and a 300-tilt position 

were used in welding. This design was selected to obtain a
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I heat F

heat H

Figure 3.1 Microstructures of normalized plates, 
showing equiaxial ferrite grains and banded pearlite



weld geometry where the fusion line is fairly straight and the 

fusion plane is perpendicular to the plate surface, allowing 

Charpy specimens for the HAZ testing to be extracted from the 

weldments, as shown in Figure 3.2.

Welding heat inputs of 3kJ/mm (76kJ/in) and 5kJ/mm 

(127kJ/in) were selected in preparing test weldments. The 

welding parameters are summarized in Table 3.3.

TABLE 3.3 Welding Parameters

Heat Input Voltage Current Travel Speed

5kJ/mm 30 V 400 A 145mm/min

3KJ/mm 29 V 350 A 203mm/min

weld wire

base plate

back strip

30°

30°

Figure 3.2 Weld geometry for preparing test weldments

A 7mm-root-opening and two passes were used for 3kJ/mm 

weldments and a lOmm-root-opening and three passes were used 

for 5kJ/mm weldments.

No preheat was used and the interpass temperature was 
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maintained lower than 100°C (212°F) . Since a flat HAZ 

perpendicular to the plate surface is extremely important in 

investigating the coarse-grained HAZ behavior, considerable 

efforts were undertaken to optimize the weld joint geometry 

prior to experimental weldment preparation through adjusting 

the angle of plate, angle of torch, angle of groove and the 

root opening.

Figure 3.3a and Figure 3.3b are the examples of the 

prepared 3 kJ/mm and 5kJ/mm weld joints, respectively. The 

welding direction was parallel to the rolling direction of the 

plates in order to produce transverse (TL) orientation Charpy 

specimens.

3.2.2. POST-WELD HEAT TREATMENT

Post-weld heat treatment (PWHT) is commonly desired 

because the severe heating and cooling cycle during fusion 

welding of thick plates can result in high stresses and 

strains and cause severe distortion or leave residual stresses 

of the order of the flow stress of the metal. PWHT will reduce 

these residual stresses, while at the same time it has the 

potential to change the microstructures in the weld metal and 

the HAZ, and accordingly affect mechanical properties. The 

PWHT was conducted in a furnace at 620°C (±10°C) for 2 and 10 

hours, followed by air cooling.
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3KJ/mm

if '

5KJ/mm

5 mm

b

Figure 3.3 Examples of the prepared a) 3kJ/mm and 2) 5kJ/mm 
weld joints, showing approximately flat fusion line
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3.2.3. WELDMENTS FOR AGING STUDY

The weldments of nine experimental heats for HAZ hardness 

examination and optical and electron microscopic observation 

under a series of PWHT conditions were prepared by bead-on- 

plate welding with a shielding gas of 98% argon and 2% oxygen. 

3kJ/mm and 5kJ/mm heat inputs were employed in welding. The 

metallographic specimens, which also served for microhardness 

testing were sliced from each weldment perpendicular to the 

welded bead and plate surface. PWHT was conducted at 620°C 

(±5°C) for 1, 2, 5, 10, 20, 50, 100 hours in a tube furnace 

with pure dry argon protection and followed by air cooling.

3.2.4. MEASUREMENT OF At8.5

The time from 800°C to 500°C during cooling after welding, 

At8_5, was measured by embedding a thermocouple into the plate 

to be welded. The thermocouple tip was placed immediately 

adjacent to fusion boundary. A small hole was drilled for

bead-on-plate 

welding

Figure 3,4 The configuration for measurement of dt8.5 
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embedding the thermocouple and was then sealed with A12O3 

powder after embedding the thermocouple. The bead-on-plate 

welding with 3kJ/mm and 5kJ/mm heat inputs was performed. An 

X-Y recorder was connected with the thermocouple to record the 

potential variation corresponding to the weld thermal cycle. 

Figure 3.4 shows the configuration for At8.5 measurement. The 

weldments were then dissected to determine the distance 

between the thermocouple tip and the fusion boundary. If this 

distance was less than 1mm, the results were accepted, 

otherwise, they were discarded.

3.3. TEST SPECIMEN PREPARATION

3.3.1. TENSILE SPECIMEN OF BASE PLATE

The 6.35mm-diameter (1/4-inch) 25.4mm-gage-length (1-inch) 

tensile specimens were taken from the mid-thickness of the 

normalized test plates in an orientation perpendicular to the 

rolling direction.

3.3.2. CHARPY V-NOTCH (CVN) SPECIMEN

CVN specimens were taken from normalized base plates in T­

L orientation so that the "worse case" or conservative data 

would be produced.

CVN specimens of the HAZ were notched with the notch tip 

placed in 0.2-0.5mm to the fusion boundary. The prepared 

multipass weldments described in Section 3.2.1 were sliced 

perpendicular to the weld beads and machined into a 10mm-by- 
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lOmm-section bar. All these blanks were etched with 2% Nital 

to reveal the HAZ detail, particularly the fusion line. The 

expected notch tip location was marked on each specimen for 

the next machining. Figure 3.5 illustrates how a Charpy 

specimen was taken from an etched blank where the notch 

position had been marked for machining.

The preparation of weldments and testing specimens are 

summarized in Figure 3.6.

notch!

%

■ ? *

N
-. .—r

r

Figure 3.5 A Charpy specimen notched at multipass HAZ

3.4. MECHANICAL TESTING

3.4.1. CHARPY V-NOTCH IMPACT TESTING

CVN impact testing was performed with SATEC Systems impact 

Tester (Model SI ID) , in accordance with the standard test 

method stipulated in ASTM A370 and ASTM E23. The impact test 

machine was calibrated with standard CVN specimens supplied by
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1, CVN

Single—bevel-groove 
multipass weldment

bead-on-plate 
weldment

II 
it

Base plate

1, At(800-500)

1,
2,
3,

2,
3,

tensile 
CVN 
optical 

miroscopy

microhardness 
optical microscopy 
electron microscopy

microhardness 
optical microscopy 
SEM

4, electron 
microscopy

Figure 3.6 A summarization of the preparation 
of testing specimens

U.S. National Institute of Standards Technology at -40°F prior 

to the regular testing in this research work. Standard size 

CVN specimens were prepared from base plates and HAZs. The HAZ 
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specimens cover different weld heat inputs and PWHT 

conditions. Ethyl alcohol with liquid nitrogen added was 

utilized as a coolant for most sub-zero temperature testing. 

Some base plate specimens were broken at temperatures lower 

than the freezing point of ethyl alcohol; in these cases 

methylbutane was used as a coolant.

The amount of energy absorbed by the CVN specimen can be 

read directly from the dial of the impact machine. The impact 

energy versus test temperature for each specimen group 

classified by experimental heat, welding heat input and PWHT 

was plotted. A 50 Joule (37 ft-lbs) energy level was employed 

as the criterion to define the transition temperature 

throughout this work. The broken CVN specimens were kept in a 

desiccator for subsequent fracture surface study.

3.4.2. MICROHARDNESS TESTING

Microhardness testing is widely adopted for estimates of 

strength in weld component examination because the 

microhardness measurement is easy to make and of low cost. The 

correlation of hardness with strength has been confirmed for 

many steels. .

Knoop microhardness testing was carried out in a LECO M- 

400FT microhardness tester which utilizes a pyramid-shaped 

diamond indentor. A 200 gram load and 20 second holding time 

were applied for each indentation.

Specimens for Knoop microhardness testing were sectioned 
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from prepared bead-on-plate weldments, polished and etched 

with 2% Nital. Each maximum HAZ hardness value was taken as 

the average of 10 readings in the coarse-grained HAZ 

immediately adjacent to the fusion line.

Besides maximum HAZ hardness measurements made along 

fusion boundaries, microhardness measurements across a fusion 

boundary were also made to reveal the hardness distribution in 

various constituents such as weld metal, HAZ and unaffected 

metal.

Figure 3.7 gives an example showing Knoop microhardness 

measurement along and across fusion boundaries.

3.5. MICROSTRUCTURAL INVESTIGATION

3.5.1. OPTICAL MICROSCOPY

Optical microscopic examination was conducted on weld 

metal, HAZ and parent metal under all specimen conditions (9 

heats x 2 welding heat inputs x 3 PWHTs).

The general appearances across the weld joint were 

observed and recorded. The microstructural constituents in 

the HAZ were identified.

The effect of welding heat input and PWHT on the extent 

and grain size in HAZ was investigated.

A quantitative metallographic examination was also 

completed in all heats to reveal the influence of the 

additions of vanadium and/or niobium on the HAZ 

microstructural characterization.

46



KNOOP HARDNESS 
MEASUREMENT 
ALONG AND ACROSS 
FUSION UNE

’ /

*' •

N

*3

■ -

a;
t V

'Mx

r •'

- ' ¥

i !%
V * ‘ I

'Æ % 
"" 't

A?

V^-A 
■ • -<•' HAWS

#1
' 1 fry* 

»

* y
*{

' 7

Figure 3.7 Knoop microhardness measurement along 
and across fusion boundary, 4 Ox
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The prior austenite grain size in the coarse grained HAZ 

adjacent to the fusion boundary was evaluated by measuring the 

diameters of 50 grains in the direction parallel to the fusion 

line as shown in Figure 3.8.

The amount of grain boundary (G.B.) ferrite in the coarse-

Figure 3.8 Measurements of prior austenite grain size 
in coarse-grained HAZz 250x

grained HAZ was also estimated by using a point count method 

which determines the number of test points falling in G.B. 

ferrite of the microstructure on the polished plane.

3.5.2. SCANNING ELECTRON MICROSCOPIC (SEM) STUDY

The SEM technique utilized in this work was mainly for the 

fractographic examination of CVN specimens. In microalloyed 

HSLA steels, as a bee metal, the test temperature can have a
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significant effect on the fracture appearance and in many 

cases can result in a change in fracture mode, for example, 

from a microvoid coalescence fracture at high temperature to 

a cleavage or quasi-cleavage fracture at low temperature. 

Different materials may behave differently in terms of 

fracture surface details and in change of fracture mode. The 

total fracture energy of a specimen is governed by how and 

where the crack initiates and propagates.

Since all HAZ specimens in this study were taken from 

multipass weldments, the V-notch root resides in various HAZ 

sub-zones, e.g. the coarse-grained HAZ of the first pass, the 

refined coarse-grained HAZ of the first pass due to the heat 

of the second pass, the intercritical reheated coarse-grained 

HAZ and subcritical reheated coarse-grained HAZ, etc. These 

various microstructural constituents in the multipass HAZ CVN 

specimen contribute to the cracking process and may show the 

different fracture modes. Therefore, an overall SEM 

examination of the CVN specimens was conducted for better 

understanding of the micromechanisms of fracture under 

different microstructural and test conditions.

An ETEC Autoscan machine was utilized for the SEM study. 

The broken CVN specimens were ultrasonically cleaned in an 

acetone bath and then dried for SEM examination.

3.5.3. TRANSMISSION ELECTRON MICROSCOPIC (TEM) STUDY

Transmission Electron Microscopy (TEM) has become one of 
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the most powerful tools for fine-scale (<lpm) microstructural 

investigations in materials science. In this study, as 

described in previous sections, the mechanical behavior of the 

experimental heats may be significantly affected by the 

amount, morphology, distribution of the precipitates of 

vanadium and/or niobium carbides. The TEM was employed to 

investigate these details.

Thin foil 3mm-diameter-disc specimens were prepared for 

the TEM studies. The key point in disc preparation was to make 

a thin area (transparent to the electron beam, hopefully in 

the disc center) located exactly in the coarse-grained HAZ. 

The following procedure was employed in TEM specimen 

preparation.

1, Slice an approximately 0.5mm-thick section from the 

bead-on-plate weld with a diamond saw. The slice is taken 

perpendicular to the weld direction.

2, Grind and polish the section to a thin foil with a 

thickness approximately 50-70gm (0.002-0.003inch).

3, Etch the thin foil with 2% Nital to reveal the fusion 

line.

4, Mark the location where the disc to be extracted, as 

shown in Figure 3.9.

5, Punch out 3mm discs from the thinned foil as already 

marked.

For base metal, 3mm discs were punched out from ground 

thin foil; no etching and marking were required.
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6, Electropolish the prepared discs in a twin jet electro­

polisher with the following parameters :

Solution: 10% Perchloride acid

72% Ethyl Alcohol

18% Methanol

Temperature : -40°C

Voltage: 15 V

Current: 0.05 A

The result was a specimen thinned to a small hole so the 

edges of the hole provide the transparent area for study.

7, Inspect the electropolished specimens, those with a 

hole not in the center (not in the HAZ) were discarded.

8, Examine the prepared thin foil specimens as soon as 

possible, (refer to Section 4.5.1.4.)

A Philips EM4OO was utilized to examine most of the 

specimens; a few specimens were examined using a Philips 

EM300.

3mm-diameter-disc

Figure 3.9 3mm-diameter-disc specimens extracted from 
coarse-grained HAZ

The EDAX X-ray microanalytical system attached to the

EM400 was utilized for chemical analysis of precipitates. 
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Unfortunately no meaningful data were obtained in this part of 

the study because the very tiny particle size precluded the 

acquisition of accurate data.
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4. EXPERIMENTAL RESULTS AND DISCUSSION

4.1. BASE PLATE PROPERTIES

Microstructures of base plates shown in Figure 3.1, are 

characterized by fine equiaxed ferrite grains and banded 

pearlite. The data of yield strength (Y.S.) and ultimate 

tensile strength (U.T.S. ) of the normalized base plates listed 

in Table 3.2 are tabulated as following in the form of 3x3 

matrix for ease of comparison.

V% -»

0.005 0.05 0.10

Y.S. Nb% 0.005 (A)334/48.4 (B)342/49.6 (C)357/51.8

MPa/ksi 4. 0.03 (D)373/54.1 (E)372/53.9 (F)383/55.5

0.06 (G)354/51.5 (H)380/55.1 (I)376/54.6

V% -

0.005 0.05 0.10

U.T.S. Nb% 0.005 (A)483/70.0 (B)495/71.8 (C)513/74.4

MPa/ksi 4 0.03 (D)512/74.2 (E)505/73.2 (F)527/76.4

0.06 (G)499/72.4 (H)514/74.6 (I)527/76.5

The strengthening by both vanadium and niobium is clearly 

evident in the above data. Data for heat D seem somewhat 

higher than expected. They are considered to be caused by 

experimental error.

To understand these data, recall the precipitation and 
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dissolution characteristics of V and Nb carbides in austenite, 

as illustrated in Figure 2.5. The VC has greater solubility in 

steel at the normalizing temperature (900°C) whilst NbC 

precipitates are still stable. These undissolved NbC particles 

restrain grain growth and retard recrystallization of 

austenite via pinning of grain boundaries and sub-boundaries, 

and hence bring about additional grain refinement both in the 

austenite and ferrite. Figure 4.1 shows these different 

effects on grain size by V, Nb and Ti. As microalloying

c 
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Normalized

Ti

Nb

0.08 0.120.12
Nb , Ti, or V . %

Figure 4.1 Effect of Nb, Ti and V on grain size 
in normalized steels [39]

content increases, the temperature range in which no more 

recrystallization can occur is raised substantially by Nb, 

less by Ti, and to no major degree by. V [39]. However, 

metallographic examination on various normalized plate shows 

a very fine equiaxed ferrite grain size (approximately ASTM 

number 11) existing in all heats with no significant 
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difference in grain sizes. This result implies that the 

normalizing temperature of 900°C is not high enough in any of 

these alloys to cause extensive grain growth. The 

strengthening was therefore attributed to the VC and NbC 

precipitation.

The NbC precipitates originally formed in austenite during 

y-»-a transformation (to be detailed in Section 4.5.2) and/or 

were strain-induced during rolling. They are unlikely to be 

altered by the subsequent normalization. The VC precipitates 

are mostly dissolved at the normalizing temperature and then 

reprecipitated on cooling. Mayer [1] emphasized that among the 

microalloying elements Nb, V and Ti, niobium is characterized 

by particularly great strengthening effects produced at 

relatively low concentrations although Irvine stated that 

vanadium gives higher strengthening effect than niobium in a 

normalized C-Mn steel [17]. This latter observation is 

supported by these results. A firm judgement of the full 

effect of these two elements cannot be made at this time since 

both the processes of particle dissolution and reprecipitation 

may not be fully completed during the normalization at 900°C 

for 1 hour. Actually, the predominant strengthening of niobium 

over vanadium has been observed in the coarse-grained HAZ 

where a thermal cycle up to 1350°C was experienced. This will 

be discussed later on.
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4.2. THE HAZ MICROSTRUCTURE

4.2.1. THE MEASUREMENT OF At8.5 AND THE PREDICTION OF HAZ 

MICROSTRUCTURAL CONSTITUENTS

The approach for measurement of At8.5 was described in 

Section 3.2.4. The cooling curves for 3kJ/mm welding heat 

input and 5kJ/mm welding heat input are shown in Figure 4.2 

and Figure 4.3. The cooling times At8.5 were measured to be 54
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Figure 4.2 Colling time 4t8.5 measurement for 3KJ/mm 
welding heat input
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seconds for 3kJ/mm and 201 seconds for 5kJ/mm. Superimposing 

a cooling curve on the corresponding continuous-cooling-time 

(CCT) diagram enables one to predict the microstructure in a 

HAZ at this specified cooling rate. For a given cooling time, 

which is normally determined by welding heat input and plate 

thickness, the transformation time, as well as transformation 

temperature, for each transformation product may be

1400

Ld

Ld

200-

400-

800

600-

50

Qi 1200 - 
0) Z

WELD HEAT INPUT = 5KJ/mm 
0.5—inch—thick base plate 
At (800-500) = 201 sec.

_ 1000-
Ld :
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Figure 4,3 Cooling time 4t8.5 measurement for 
5KJ/mm welding heat input
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significantly affected by such factors as the types and the 

addition amounts of alloying and microalloying elements.

COOLING CURVE
FOR SUBMERGED 
\ARC WELD

PROEUTECTOID
FERRITE /

SIDE 
PLATES 'ACICULAR 

FERRITE

BAINITE

MARTENSITE

-END OF 
TRANSFORMATION

LOG TIME

Figure 4,4 Schematic CCT diagrams showing several 
transformation products [40]

Figure 4.4 shows on a schematic CCT diagram [40] how the C- 

curves may move to longer or shorter times, and the shape or 

size of transformation fields may change, depending on 

composition. Austenite stabilizers, e.g.,C, N, Mn, Ni, Cu tend 

to inhibit transformation, pulling the C-curve towards longer 

time. Strong carbide forming elements, e.g., V, Nb and Ti, 

however, tend to suppress proeutectoid ferrite, but not 

acicular ferrite or bainite. Indeed, Nb, in particular, tends 

to enhance bainite formation. The additions of strong carbide 

forming elements may even cause the separation of ferrite and 

bainite curves as schematically illustrated in Figure 4.5.

The individual CCT diagram specific to each experimental 

heat may be required for microstructural prediction. But to 

develop the CCT diagrams for nine experimental heats would
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Figure 4.5 Effect of strong carbide-forming elements 
on the CCT curves (ferrite-upperz bainite-lower) [11]

require an extremely large amount of experimental work and is 

beyond the scope of this study. Thus the published CCT diagram 

of a low-carbon niobium-vanadium microalloyed steel shown in 

Figure 4.6 [41] can be utilized as a reference. The upper row 

of numbers in the diagram corresponds to the cooling rate in 

degree C per minute, the lower row of encircled numbers 

corresponds Vickers hardness values, and the intermediate 

numbers represent the percentages of microconstituents formed 

in each run. The measured cooling curves (dashed curves) 

transferred from the linear plots in Figure 4.2 and Figure 4.3 

to logarithm plots were superimposed on this CCT diagram for 

predicting the HAZ microstructural constituents in a 0.5-inch- 

thick base plate under 3kJ/mm and 5kJ/mm weld heat inputs. 

Moreover, another diagram showing the effect of heat input on 

the proportion of microstructural constituents present in the 

grain-coarsened HAZ of a 0.17C-l.lMn steel (Figure 4.7 [42] )
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Figure 4.6 CCT diagram for a low-carbon microalloyed 
V-Nb steel, cooling curves for 3kJ/mm and 5kJ/mm heat inputs 

are superimposed in the diagram (dashed curves) [41]
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Figure 4.7 Diagram showing the effect of heat input on 
the proportion of microstructural constituents present in 

coarse-grained HAZ of a 0.17C-1.IMn steel [42]

60



It is important to point out that the terminology for 

describing weld metal and HAZ microstructures can vary in the 

literature. In this text, basically, the terminology proposed 

by the International Institute of Welding (Commission IX-J) 

will be followed.

Figure 4.6 and Figure 4.7 predict the final HAZ 

microstructural constituents for both 3kJ/mm and 5kJ/mm heat 

inputs should consist of a mixture of:

1, proeutectoid ferrite (FP), often formed on prior 

austenite grain boundaries ;

2, intragranular Widmanstatten side plates of ferrite 

(WF) ;

3, ferrite with interphase carbide (named ferrite-carbide 

aggregates), which is the result of the eutectoid 

decomposition reaction. Upper bainite in the form of ferrite 

laths with Fe3C precipitating between them is one of the 

decomposition product;

4, ferrite with martensite/austenite and carbides (M-A-C) . 

This is generally the predominant microstructural constituent 

in C-Mn steels. Ferrite with M-A-C can have an aligned (AC) or 

non-aligned (FN) appearance, but this variation is probably 

largely a sectioning effect.

These predictions will now be considered in light of the 

weld microstructures examined.
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4.2.2. OPTICAL MICROSCOPIC EXAMINATION IN THE HAZ

4.2.2.1. BASIC MICROSTRUCTURAL CONSTITUENTS IN THE HAZ

Welding heat input has considerable effect on the grain 

size in coarse-grained HAZ. Figures 4.8a and 4.8b show the 

general view in HAZ microstructures welded with 3kJ/mm and 

5kJ/mm, respectively. As expected, the grain sizes in coarse­

grained region of higher heat input specimens are larger than 

those of lower heat input specimens . In addition, the coarse­

grained HAZ is narrower at the lower heat input, resulting in 

higher toughness.

Both the 3kJ/mm HAZ and 5kJ/mm specimens show similar 

types of microstructural constituents but may differ in the 

relative amount of each constituent. For different heats, the 

amount of each constituent and grain size may also vary, 

depending on microalloy additions.

Figure 4.9a and Figure 4.9b show the typical features of 

HAZ microstructure. Arrows with letters indicate the specific 

constituents. Pro-eutectoid ferrite, FP, often formed at prior 

austenite grain boundaries and is therefore called grain 

boundary ferrite. Ferrite with M-A-C, having two modes, the 

aligned appearance, AC, and non-aligned appearance FN. This 

constituent may be somewhat finer in 3kJ/mm HAZ than in 5kJ/mm 

HAZ.

The intragranular Widmanstatten ferrite, shown as WF in 

Figure 4.9a is more likely visible in 5kJ/mm HAZ. It can be 

distinguished from ferrite laths by its characteristic basket
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Figure 4.8 HAZ microstructure of heat D in as-welded 
condition, welded with (a) 3kJ/mm (b) 5kJ/mm. 5Ox
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weave type of structure. Ferrite-carbide aggregates will be 

shown in Section 4.2.3.

4.2.2.2. EFFECT OF PWHT ON THE HAZ MICROSTRUCTURE

In optical microscopic observation, no significant change 

in microstructural characterization can be found after PWHT. 

Figures 4.10a,b,c,d and e give a profile of HAZ microstructure 

under as-welded, and PWHT at 620°C for 1,2,5 and 10 hours 

conditions.

Fine scale microstructural variations during PWHT, such as 

martensite decomposition and V/Nb carbides precipitation which 

are embodied in the variation in the HAZ hardness and 

toughness data, are beyond the resolution capablities of 

optical microscopy.

4.2.2.3 . EFFECT OF V AND Nb CONTENT ON PRO-EUTECTOID FERRITE

The microstructures in Figure 4.11a and Figure 4.11b 

indicate how Nb additions influence the pro-eutectoid ferrite. 

Figure 4.11a shows the coarse-grained HAZ of heat H which 

contains 0.049%V and 0.053%Nb, welded with 5kJ/mm, in the as- 

welded condition. Figure 4.11b is the corresponding region of 

heat B with the same as-welded condition and same V content 

but the heat contains 0.005%Nb. The higher proportion of grain 

boundary ferrite in the low Nb content heat is clearly 

observed.

Quantitative metallography reveals that the amount of
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Figure 4.9 HAZ microstructure of heat I, welded with 
5kJ/mm and as-welded, showing various constituents.

(a) area 1 (b) area 2, 25 Ox
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Figure 4.10 HAZ microstructure of heat B welded with 5KJ/mm, 
showing no significant change in optical microscopy during PWHT. 

(a) as-welded (b) FWHT at 620°C for ihr.
(c) PWHT at 620°C for 2hrs. (d) PWHT at 620°C for 5hrs.

(e) PWHT at 620°C for lOhrs.
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Figure 4,11 HAZ microstructure of specimens welded 
with 5kJ/mm and as-welded, (a) heat H (b) heat B, 250x
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grain boundary ferrite is suppressed by increasing niobium 

and/or vanadium contents, as illustrated in Figures 4.12 and 

4.13. Niobium is more effective than vanadium in suppressing 

grain boundary ferrite.

The separation of pro-eutectoid ferrite from austenite is 

controlled by the y-»a transformation as well as the diffusion 

rate of carbon away from the frontier of the growing pro­

eutectoid ferrite. The carbide-forming elements increase the 

diffusion activation energy of carbon atoms in austenite and 

thereby slow the diffusion of carbon atoms in austenite, 

resulting in inhibition of the formation and growth of pro­

eutectoid ferrite. The affinity of four strong carbide-forming 

elements for carbon can be ranked as Ti>Zr>Nb>V [11] . The 

results shown in Figure 4.12 and Figure 4.13 agree with this 

ranking.

4.2.2.4. EFFECT OF V AND/OR Nb CONTENT ON GRAIN SIZE IN THE 

HAZ

As described in Section 2.1.3, a small addition of Nb or 

V retards the progress of static recovery and recrystalliza­

tion, and the austenite grain size is reduced by means of 

inhibition of grain boundary migration through precipitated 

particles. Figure 4.14 and Figure 4.15 show the results of 

measurements of prior austenite grain sizes in the coarse­

grained HAZ adjacent to the fusion line in the as-welded 

5kJ/mm specimens. The plots indicate that at a constant
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medium vanadium content an increase in niobium content reduces 

the HAZ grain size whilst at a constant medium niobium content 

an increase in vanadium content has little effect on the HAZ 

grain size. During the welding thermal cycle the peak 

temperature in the HAZ can be as high as 1350°C, thus vanadium 

and niobium behave differently in inhibiting grain growth via 

pinning of grain and sub-boundaries. Figure 4.16 illustrates 

the solubility of VC, NbC and other carbides and nitrides. The 

NbC is more stable than VC, especially at elevated
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Figure 4.16 Solubility relationships for microalloy 
carbides and nitrides [18]

temperature. Recall Figure 2.5 which shows nearly complete 

solubility for VC above 950°C, implying that in V-microalloyed 

steel unrestricted grain growth can occur above this 

temperature.

For niobium, two solubility equations of NbC in steel are 

reported [43][44] :
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log [Wt.% Nb][Wt.% C] = 2.96 - 7510/T (4.1) 

log [Wt.% Nb] [Wt. % C]°-87= 3.11 - 7520/T (4.2)

The solubility of NbC is now calculated based on equations 

4.1 and 4.2, and listed in Table 4.1. At the temperature of 

1250°C the Wt.%Nb in the solution is 0.067 from equation 4.1 

and 0.073 from equation 4.2. This implies that for the heats

Table 4.1 The Solubility of Niobium 
at Different Temperatures

Temperature 
°C

Wt.% Nb in Solution 
Equation 4.1 Equation 4.2

1000
1100
1200
1250
1300

0.007 0.008
0.019 0.021
0.045 0.049
0.067 0.073
0.096 0.105

with the highest Nb content of 0.06%, the NbC precipitates 

will no longer inhibit grain growth at 1250°C and the grain 

growth in the HAZ should occur.

It would seem appropriate to calculate grain growth over 

the part of weld thermal cycle which exceeds the solubility 

temperature of carbides. For the heats with lower Nb content, 

the grain growth temperatures are expected to be lower, or 

alternatively, under the same welding thermal cycle the HAZ 

grain size will be bigger. By knowing some basic information 

such as the activation energy for self diffusion, the 

temperature-time profile, as well as by making appropriate 
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assumptions, the maximum grain size and grain size 

distribution in the HAZ can be estimated. It is also under­

standable that the width of coarse-grained HAZ in lower weld 

heat input specimens is narrower than that in higher weld heat 

input ones. Evidence for larger grains and narrower zones are 

always found when comparing the 3kJ/mm and 5kJ/mm HAZs in any 

heat.

In fact, VC and NbC can form a continuous solid solution. 

As described in Section 2.1.2, the carbides and nitrides of V 

and Nb are isomorphous. They are expected to form a wide range 

of compositions in which both metallic (V and Nb) and 

nonmetallic (C and N) atoms can be substituted, and the VC-NbC 

is termed (V,Nb)C, see Section 4.5.1.3. Unfortunately, the V- 

Nb-C and V-Nb-C-N phase diagrams are not currently available. 

To estimate the function of V and Nb in determining 

microstructure when both are present in steel, the (V,Nb)C 

containing less Nb is expected to behave more like VC and the 

(V,Nb)C containing less V is expected to behave more like NbC. 

These assumptions are supported by the results of this 

investigation.

4.2.3. ELECTRON MICROSCOPIC EXAMINATION IN THE HAZ

Characteristics of basic microstructural constituents in 

the HAZ were identified and recorded using TEM technique.

Figure 4.17 show the intragranular Widmanstatten ferrite 

which is observed in both 3kJ/mm and 5kJ/mm HAZs. Coarse 
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cementite (Fe,Mn)3C is present in the ferrite boundary. Figure 

4.18a which shows a tempered lath martensite structure from 

the "ferrite with M-A-C" constituent in the HAZ of heat I, 

welded with 3kJ/mm and heat-treated at 620°C for 10 hours. 

Figure 4.19 shows a bainitic structure in the HAZ of heat A 

with the same heat input and PWHT. Comparison of Figure 4.18a 

and Figure 4.19 reveals that while the microstructures of 

martensite and bainite may at first seem very similar, the 

characteristic delineating differences in the structure are 

observable here.

Figure 4.17 Intragranular Widmanstatten site ferrite, 
heat G, 3KJ/mm, PWHT at 620°C for lOhours
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As shown in Figure 4.18a, the tempered martensite is 

highly dislocated, with two or more variants of the laths, 

producing a "weave" structure with one variant dominating. 

This feature is schematically illustrated in Figure 4.18b 

where L, represents the dominating variant and !%,!% represent 

the variants with different orientations. The TEM micrograph 

also shows the rounded, elongated, interlath and intralath 

tempered carbides formed during PWHT.

The upper bainite, as shown in Figure 4.19, has only a 

single variant of the laths with interlath carbides, and a 

characteristically low dislocation density when compared to 

the martensite in Figure 4.18a.

In a bainite transformation the lath nucleation occurs via 

a shear transformation, having a Kurdjumov-Sachs or Nishiyama- 

Wassermann orientation relationship between the austenite and 

bainitic lath. The lath grows rapidly, forming semicoherent 

interfaces. This occurs at many sites along the prior 

austenite grain boundaries, producing a group of similarly 

orientated, fine spaced ferrite laths. As the laths thicken 

and lengthen, the carbon content of the interlath austenite 

increases. The carbide particles nucleate and grow in the 

austenite between the laths, forming interlath carbide 

particles and producing what is seen here in Figure 4.19, 

known as upper bainite.
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Figure 4.18 (a) Tempered martensite in the HAZ, showing
highly dislocated laths, interlath and intralath 

cementites, 3kJ/mm, PWHT 620°C/10hrs.
(b) Schemetic illustration of more variants of laths
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Figure 4.19 Upper bainite in the HAZ, 
showing single variant of lath with interlath carbides. 

Heat A, 3KJ/mm, PWHT 620°C/10hrs.

The TEM examination also extends to the HAZ intercritical 

region which corresponds to the temperature exposure range of 

700-900°C. In this range, the base metal, heated between the 

Ai and A3, at first partially austenizes on heating, followed 

by the y-+a transformation on cooling. The pearlite as one of 

the regular products of the transformation can be observed in 

this region, as shown in Figure 4.20. The lamellar micro­

structure and two pearlite colonies are visible in this 

micrograph.

Some spheroidized cementite particles, shown as Figure 

4.21 are also observed. Spheroidization occurs even at the 

lower end of the intercritical temperature range. There is 

77



relatively little a-^y transformation during the rapid heating 

cycle, the lamellar pearlite changes to spheroidized particles 

of cementite. The agglomeration of spheroidized cementite 

particles at grain boundaries can be seen in Figure 4.21. This 

indicates that grain boundaries serve as high diffusivity 

channels for carbon at lower temperatures.

Sections 4.2.2 and 4.2.3 analyzed the basic microstruc­

tures in the HAZ with both optical and electron microscopy. 

The more important process, the precipitation, will be 

discussed later.

4.3. MICROHARDNESS MEASUREMENTS

4.3.1. MICROHARDNESS TRAVERSE ACROSS THE HAZ

Figure 3.7 has shown the typical appearance of a Knoop 

microhardness survey along and across a fusion line. The 

microhardness traverses across the HAZ for a 3kJ/mm weld of 

heat B under as-welded and different PWHT conditions are 

presented in Figures 4.22a through 4.22f. The results shows 

there is a microhardness peak adjacent to fusion line in each 

curve. This peak indicates the existence of high hardness 

constituents such as martensite and bainite in the coarse­

grained HAZ. PWHTs at 620°C for 1,2,5,10,20,50 hours did not 

remove or reduce the hardness peak from the traverse profiles. 

As mentioned earlier, two parallel processes are taking place 

in the HAZ during PWHT: (a) the decomposition of high hardness 

constituents (tempering) plus stress relief, and (b) a
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Figure 4.20 Pearlite in HAZ, showing lamellar 
microstructure and two pearlite colonies.

Heat A, 5KJ/mm, PWHT 620°C/10hrs

Figure 4.21 Spherodized cementite in HAZ. 
Heat A, 3KJ/mm, PWHT 620°C/10hrs.

A V4
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hardening process, namely the precipitation of V and/or Nb 

carbides. The average maximum HAZ hardness which was measured 

immediately adjacent to the fusion line was also plotted in 

each corresponding curve with a square symbol and an error bar 

of +1.Oct. This result shows the reasonable agreement between 

the average maximum coarse-grained HAZ data and the hardness 

peak in the traverse profile.

4.3.2. MAXIMUM MICROHARDNESS IN THE HAZ

The results of measurements of average maximum 

microhardness in the coarse-grained HAZ are summarized in 

Table 4.2. Each hardness value in the table was taken as the 

average of ten readings. Figures 4.23a,b,c and Figure 

4.24a,b,c are the three-dimensional (3-d) plots that show the 

relationship between maximum HAZ hardness and microalloy 

elements V and Nb contents. Figures 4.23a,b and c represent 

the 3kJ/mm specimens with as-welded, PWHT 620°C/2hours and 

PWHT 620°C/10hours, respectively. Figure 4.24a,b and c are the 

plots of 5kJ/mm specimens with as-welded, PWHT 620°C/2hours 

and PWHT 620°C/10hours, respectively. Based on these three­

dimensional plots, the following understanding can be 

obtained:

1, In all these six 3-d plots that represent six 

conditions (two heat inputs x three PWHTs) HAZ hardness 

notably increases as increasing V and/or Nb contents.
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Table 4.2 Average maximum HAZ hardness, Knoop hardness, 
number in brackets represents the standard deviation

HEAT INPUT: 3KJ/mm HEAT INPUT: 5KJ/mm

Heat As-wetded PWHT Time at 620°C, hours As-welded PWHT Time at 620°C, hours
Code Condition 1 2 5 10 20 50 Condition 1 2 5 10 20 50

A 232 249 226 219 227 218 223 220 216 216 214 219 206 202
(3) (6) (4) (8) (3) (7X (6) (7) (7) (9) (9) (7) (9) (8)

B 251 275 259 269 274 260 241 239 256 240 245 252 241 236
(6) (8) (6) (5) (7) (7) (4) (8) (5) (4) (4) (5) (6) (2)

C 260 281 280 280 278 266 250 243 280 265 268 283 264 252
(5) (6) (5) (7) (9) (3) (7) (7) (3) (8) (7) (8) (6) (7)

D 248 266 261 262 259 260 254 243 272 269 266 262 259 255
(7) (5) (6) (5) (6) (5) (6) (8) (5) (8) (6) (10) (8) (8)

E 261 279 273 274 289 271 267 250 277 269 281 273 274 259
(6) (8) (5) (8) (5) (5) (6) (3) (8) (7) (7) (6) (7) (9)

F 273 300 301 303 290 287 282 257 286 288 294 286 285 291
(9) (4) (10) (10) (9) (7) (7) (6) (10) (9) (5) (9) (11) (10)

G 263 288 271 281 282 276 269 257 267 277 266 274 261 252
(7) (10) (8) (11) (8) (8). (7) (6) (7) (8) (9) (6) (7) (10)

H 271 302 286 292 295 286 290 260 295 285 279 291 299 293
(6) (9) (5) (5) (8) (9) (5) (8) (8) (6) (9) (6) (10) (9)

1 273 316 313 298 302 288 297 282 294 298 303 301 297 295
(7) (5) (8) (5) (7) (4) (8) (12) (3) (6) (8) (7) (10) (8)

2, Among as-welded, PWHT 620°C/2hrs and PWHT 620°C/10hrs 

conditions, the strongest effect of V and/or Nb additions on 

increasing HAZ hardness is gained in PWHT 620°C/2hrs condition 

in both 3kJ/mm and 5kJ/mm specimens.

In 3kJ/mm specimens the HAZ hardness increases from heat 

A which has the least V and Nb addition to heat I which has 

the most V and Nb addition are 41 for as-welded, 87 for PWHT 

620°C/2hrs and 75 for 620°C/10hrs. In 5kJ/mm specimens they are
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62 for as-welded, 82 for 620°C/2hours and 82 for 620°C/10hrs.

In the as-welded condition, the V/Nb additions contribute 

to hardness through precipitation hardening, grain refinement 

and increasing dislocation density (due to decreasing 

transformation temperature). In the PWHT condition, the 

remarkable hardness increase with increasing V/Nb contents is 

attributed to the extremely fine, semi-coherent VC and NbC 

precipitates dispersed in the a-phase, and formed during 

aging.

3, in any 3-d plot whether as-welded or PWHT, Nb was found 

to be a stronger precipitation hardening element than V. The 

average increase in HAZ hardness as a function of V content 

at a fixed 0.005%Nb level (i.e. survey along V-axis), and the 

average increase in HAZ hardness as a function of Nb content 

at a fixed 0.005%V level (i.e. survey along Nb-axis), are 

presented in Table 4.3.

TABLE 4.3 HAZ Knoop hardness increment per 
0.01 Wt.% of V or Nb

0.01 wt% 
increas­
ing in

3KJ/mm 5KJ/mm
as- PWHT PWHT as- PWHT PWHT

welded 620°C/2h 620°C/10h welded 620°C/2h 620°C/10h

V 
Nb

2.9 5.7 5.4 2.4 5.2 6.7
5.6 8.2 10.0 6.7 11.0 10.0

4, In heat A which has the least V and Nb (0.005%V and

0.004%Nb), the microhardness values of 3kJ/mm specimens do 
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not change significantly from as-welded condition to PWHT 

conditions. Similarly, the data of 5kJ/mm specimens for as- 

welded and for PWHTs do not have significant difference. This 

implies that the precipitation hardening in heat A was not 

able to win the competition with the softening process caused 

by the decomposition of high hardness constituents. Only 

those heats with higher V and/or Nb contents than heat A will 

produce significant precipitation hardening during PWHT.

5, Overall, 3kJ/mm specimens show higher HAZ hardness in 

all three PWHT conditions than 5kJ/mm specimens do. This is 

because of the relatively smaller grain size in coarse grained 

HAZ and the relatively larger amount of high hardness 

microstructural constituents. in the 3kJ/mm HAZ than in the 

5kJ/mm HAZ. Although the decomposition of hard constituents 

takes place during PWHT and the precipitation hardening effect 

superimposes on both 3kJ/mm and 5kJ/mm HAZ hardness, the 

slight superiority in hardness for 3kJ/mm HAZ still remains.

6, No significant synergistic hardness effect is noted due 

to the combination of both microalloy elements V and Nb. This 

is illustrated by comparing the hardness values along a 

diagonal line from composition C (0.097%V and 0.005%Nb) to 

composition G (0.005%V and 0.049%Nb) on the surface in Figures 

4.23 and 4.24. The hardness variation along this line in 

nearly all cases changes smoothly without maxima or minima 

between end points.
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4.3.3. AGING STUDY

As previously discussed, the HAZ may be supersaturated 

with microalloy elements V and Nb after weld cooling, and the 

degree of supersaturation depends on the V and/or Nb contents 

and cooling rate. Age hardening occurs during PWHT and the 

net increase in hardness will be seen if precipitation 

hardening is great enough to offset the microstructural 

softening which occurs simultaneously during aging. In this 

study, bead-on-plate specimens of different heats, welded with 

different heat inputs were heat-treated at 62 0°C for 1, 2, 5, 

10, 20, 50 hours, protected with pure dry argon to prevent 

oxidation and decarburization. The maximum HAZ hardness was 

measured in the coarse-grained HAZ adjacent to the fusion line 

in each specimen. -

Figure 4.25 through Figure 4.33 illustrate the results of 

the aging study. Although the data shows significant scatter 

in some plots, the aging behavior can still be confirmed and 

described as following:

1, The maximum hardness values showing a peak or plateau 

are observed in the range of 1 hour to 10 hours for most 

specimens. This reveals that precipitation strengthening is 

much greater than the loss of hardness caused by 

microstructural softening. For heat F, heat H and heat I that 

have the highest V plus Nb total microalloy contents, the 

precipitation hardening effect remains through until the
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longest aging duration, 50 hours.

2, As expected, the hardness peak values for heats with 

higher V and/or Nb contents are higher than those for heats 

with lower V and/or Nb contents. This is consistent with the 

three-dimentional representations, shown in Figures 4.23a,b,c 

and 4.24a,b,c.

Having the least V and Nb contents, heat A shows no age 

hardening for 5kJ/mm and little aging hardening for 3kJ/mm 

specimen. One peak value can be seen in the one-hour position 

for the 3kJ/mm specimen but softening occurs between one and 

two hours with little additional change as aging continues.

Knowing the magnitude and variation of HAZ hardness after 

PWHT is desirable not only for selecting adequate PWHT
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conditions but also for selecting suitable chemical 

compositions of steels. Okumura et al. [9] proposed an

approach to predict the HAZ hardness after PWHT in Nb, V and 

Mo-containing steel. The basic consideration was the 

decomposition of martensite and the precipitation of Nb, V and 

Mo. As reported, good agreement between prediction and 

measurement has been shown for some basic oxygen converter 

pressure vessel steels.

This approach can briefly be evaluated with the test 

results in this aging study.

First, the temper parameter TP is employed to express the 

extent of PWHT, which is as follows

TP = T(20 + log t)/103 (4.3)

where T (°K) is the PWHT temperature and t (hour) is the PWHT 

duration. When PWHT at 620°C, the values of TP will be 17.86 

for 1 hour, 18.13 for 2 hours, 18.48 for 10 hours, 19.02 for 

20 hours and 19.38 for 50 hours.

A Carbon Equivalent, CEII, as described below, is also 

required for this analysis:

CEII = C + Si/2.5 + Mn/5 + Cu/10 + Ni/18 + Cr/5
+ Mo/2.5 + V/5 + Nb/2 (4.4)

Considering heat C as an example, we have CEII = 0.432. 

The change in HAZ hardness after PWHT from that of as-

welded, AHV, as suggested by Okumura [9], is given as:

AHV = { 884C + 177 - 197CEII + 16.5( TP - 21.5)} M +
{ 18 ( TP - 18 )2 - 138 } V^2 + { 20 ( TP -18 )2 
- 268 } Nb^2 + ( 25 ( TP - 17.3 )2 -55 } Mo^2 
-7CEII + 26 (4.5) 
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where C, Nb, V and Mo are the weight percent of the elements 

of C, Nb, V and Mo, and M is the volume fraction of 

martensitic structure in the HAZ ; AHV is the change in Vickers 

hardness, a positive AHV indicates a decrease in hardness and 

a negative AHV value means an increase in HAZ hardness after 

PWHT.

Because the volume fraction of martensite in the HAZ is 

difficult to measure, literature values from a 0.170-1.lMn 

steel of 0.04 and 0.01 for M have been used as a resonable 

estimate for the 3kJ/mm and 5kJ/mm, respectively [43] . By 

substituting all the parameters and element contents into 

equation 4.5, the HAZ hardness under various conditions can be 

calculated. The results of calculation are converted from 

Vickers hardness AHV to Knoop hardness AHK and presented in 

Table 4.4. The sign of all numbers has been changed from 

negative to positive and should be recognized as the increase 

of hardness after PWHT, not reduction.

The calculated hardness increase AHK and measured data of 

HAZ hardness for 3kJ/mm specimens and 5kJ/mm specimens are 

plotted on the same axis for comparison, as shown in Figure 

4.34 and Figure 4.35, respectively. A similar calculation and 

comparison has been made for heats A, C, G and I. The 

comparisons clearly indicate that the Okumura prediction 

overestimated the hardness increment. Only the decomposition 

of martensite was taken into account in the HAZ hardness 

prediction. In a PWHT process, the relief of stress, the
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Table 4.4 The calculated HAZ hardness increase after PWHT, 
in accordance with equations 4.3, 4.4 and 4.5.

Heat C. Knoop scale.

Heat 
input

(M) _________ PWHT time at 620°C_____________
Ihr 2hrs 5hrs lOhrs 20hrs 50hrs

3kJ/mm
5kJ/mm

0.04 34.8 34.6 32.8 30.1 26.2 19.4
0.01 40.4 40.3 38.7 36.1 32.4 25.8

recovery of ferrite, the decrease in dislocation density, the 

coarsening and spherodization of cementite and the microstruc­

tural changes in other constituents such as pearlite and 

bainite may also take place, contributing to softening the 

material. An accurate prediction of HAZ hardness after PWHT 

should be based on an appropriate evaluation of the 

contributions of all the softening and hardening aspects and 

their interplay.
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4.4. CVN IMPACT TESTING

4.4.1. CVN IMPACT ENERGY VERSUS TEST TEMPERATURE AND 50 JOULE 

TRANSITION TEMPERATURE

Figure 4.36a through Figure 4.36e show the plots of CVN 

impact energy versus test temperature in base plates . Figure 

4.37 through Figure 4.46 show the plots of CVN impact energy 

versus test temperature in HAZs, including 3kJ/mm and 5kJ/mm 

welding heat inputs, as-welded and PWHT at 620°C for 2 hours 

and 10 hours. 50 Joule (37 ft-lbs) impact energy was employed 

as the criterion to determine the ductile-brittle transition 

temperature (TT50J). Table 4.5 summarizes the transition 

temperatures obtained from CVN testing of HAZs*. As with the 

HAZ microhardness of various heats, three-dimensional 

representation was utilized for TT50J. These 3-d plots 

effectively show the functional relationship between CVN 

toughness and microalloy content. Figures 4.47a, 4.47b and 

4.47c represent the results of 3kJ/mm specimens with as- 

welded, PWHT at 620°C for 2 hours and PWHT at 620°C for 10 

hours. Figures 4.48a, 4.48b and 4.48c are the corresponding 

plots for 5kJ/mm specimens.

By taking a general view of all these 3-d plots of TT50J 

vs V and Nb contents, the following understanding can be 

given:

* Data of heats A, C, G, I were taken from the results of 
previous research conducted by H.Smith, G.Ginsburg from 
Lafayette College, under the supervision of Drs. B.Somers, 
M.Uz and A.Pense.
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Table 4.5 50 Joule transition temperature of HAZ

Specimens heat A heat B heatC heat D heat E heat F heat G heatH heat I

3KJ/mm as-welded -9 -18 -20 -17 -14 -17 0 -5 0
. 3KJ/mm PWHT 620’0/2 hrs -29 -15 0 -19 -7 -5 -18 22 32

3KJ/mm PWHT 620’0/10 hrs -19 -12 -4 -12 -3 7 -21 -8 41
5KJ/mm as-welded -13 -2 -1 -3 18 21 -9 26 10
5KJ/mm PWHT 620’0/2 hrs -11 0 12 6 19 22 15 27 39
5KJ/mm PWHT 620’0/10 hrs -13 5 15 2 15 24 6 31 34

1, Unlike the 3-d plots of microhardness, some 3-d plots 

are rather undulatory, particularly for the plots of as-welded 

specimens, see Figure 4.47a and Figure 4.48a. This may be 

imputed to the experimental scatter bands. Tracing back to the 

curves of CVN impact energy versus test temperature in HAZ 

specimens, as shown in Figures 4.37 through 4.46, substantial 

data scatter in some curves can be observed. This reveals the 

heterogeneous nature in the microstructure of a multipass HAZ. 

Efforts have been made to gain as flat as possible fusion 

boundary and to notch the Charpy specimen with the V-notch 

root in the HAZ adjacent to fusion boundary in order to test 

the coarse-grained HAZ. However, as pointed out before, the 

microstructure along the fusion boundary in multipass weld is 

not constant, and the ligament of a CVN specimen will cover 

various microstructural constituents which behave differently. 

The crack frontier will travel across several of these 
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constituents upon which the overall impact energy depends. 

Moreover, any slight imperfection in the preparation of the 

multipass CVN specimen such as a curved fusion boundary or a 

deviation of the crack plane from the plane parallel to fusion 

boundary will cause the data variability.

2, Although some data scatter exists, it is clear that the 

V and/or Nb additions degrade CVN impact toughness in both 

base plates and HAZs with various conditions.

The detrimental effects of microalloy V and Nb additions 

on TT50J are particularly visible in post-welded heat treated 

specimens. The differences in TT50J between heat A which has 

the lowest microally content and heat I which has the highest 

microalloy content are summarized in Table 4.6.

Table 4.6 The increase of TT50J from heat A to heat I (°C)

3kJ/mm 5kJ/mm
As-welded 620°C/2h 620°C/10h As-welded 620°C/2h 620°C/10h

20 61 60 39 50 51

3kJ/mm specimens with PWHT of 620°C/2hrs of displays the 

most degradation where the TT50J increases as much as 61°C due 

to V and Nb additions.

3, Referring to Table 4.5, for each experimental heat, the 

50 Joule transition temperature can generally be ranked in the 

following order: base plate — as-welded HAZ of 3kJ/mm — HAZ 

of 3kJ/mm with PWHT — as-welded HAZ of 5kJ/mm — HAZ of 
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5kJ/mm with PWHT. The base plate has the lowest TT50J while 

5kJ/mm with PWHT specimens have the highest TT50J. Three 

issues are hereby proved: First, CVN impact toughness values 

of coarse-grained HAZs of both 3kJ/mm and 5kJ/mm are lower 

than that of base plate. Secondly, in these coarse-grained 

HAZs, PWHT is detrimental to CVN impact toughness. Thirdly, 

5kJ/mm specimens show higher TT50J than 3kJ/mm specimens do; 

these considerable TT50J shifts are caused by the higher 

welding heat input.

4, The six 3-d plots of TT50J in the HAZ shown in Figures 

4.47 and 4.248 and the corresponding six 3-d plots of maximum 

HAZ hardness shown in Figures 4.23 and 4.24 can be paired one- 

to-one. Comparison of these six pairs of TT50J versus maximum 

HAZ hardness indicates the same trends in the variations of 

TT50J and maximum HAZ hardness while varying V and/or Nb 

contents, although there are some nonconformities in as-welded 

condition. It can be seen that there are direct correlations 

between the maximum HAZ hardness determined by the local 

microstructural constituents and the 50 Joule transition 

temperature for these steels.

4.4.2. THE FRACTURE APPEARANCE EXAMINATION ON CVN SPECIMENS 

TESTED AT DIFFERENT TEMPERATURES

Fracture surfaces in the broken CVN specimens produced at 

different test temperatures are commonly characterized by 

different percentage of crystalline or fibrous fracture.
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Different fracture appearances result from different fracture 

modes. The fracture appearance and its possible change in the 

transition temperature region are examined here.

A series of HAZ CVN specimens of heat D, welded with 

5KJ/mm and PWHT at 620°C for 10 hours prior to testing was 

selected as a typical example for SEM fracture surface 

examination. The measured TT50J was 2°C for this series. The 

surveyed specimens are marked in transition curve with letters 

A through G, in Figure 4.49. The fractographs of these 

specimens are to be successively shown below. Brief 

description for each fractograph is also presented as 

following.
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Figure 4.49 Charpy transition curve of HAZ of heat D 
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Specimen A - tested at -49.9°C, impact energy 5ft-lbs.

A macroscopic examination on the fracture surface reveals 

that the vast fracture area is facetted but even at as low as 

-49.9°C narrow shear lips can still be seen at the fracture 

edge. The crack initiation site on the fracture surface can be 

identified by following the chevron markings. The chevron 

markings are fracture steps which indicate the relative 

direction of crack motion. Figure 4.50a schematically shows 

the fracture appearance with chevron markings and Figure 4.50b 

shows the SEN view of the crack origin in specimen A.

Typical cleavage fracture was observed in the crack 

origin. The parallel plateau, ledge morphology and river 

patterns reflect crack propagation along many parallel 

cleavage planes, which are specific crystallographic planes. 

The cleavage fracture mode is usually associated with low- 

energy fracture, e.g., the portion of lower shelf in Charpy 

transition curve. The high-strain-rate and a high tensile 

triaxial stress condition beneath the V-notch root also 

assists the formation of cleavage fracture in CVN testing.

Specimen B - tested at -15.3°C, impact energy 18.5ft-lbs.

Localized plastic deformation can be observed around the 

notch. Figure 4.51 was taken in the crack initiation site, 

showing a cleavage facet at the top and the dimple appearance 

at the bottom. Dimple fracture mode, corresponding to 

localized plastic deformation in the notch root, takes place 

prior to the overall fracture. Dimple fracture proceeds by the
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Figure 4.50 (a) Schematic fracture appearance of specimen A, 
showing crack initiation site and crack propagation direction

(b) SEM fractograph of specimen A tested at -49.9°C

Figure 4.51 SEM fractograph of specimen B, tested at -15.3°C
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nucleation of microvoids, and then growth and eventual 

coalescence. Microvoid coalescence fracture did not develop 

beyond the initiation site. The overall fracture occurs by 

cleavage after general yielding due to the attainment of the 

fracture stress, Of, in the ligament. In the cleavage facets 

shown in Figure 4.51, the "flow” of the "river pattern" is in 

the direction of microscopic crack propagation.

Specimen C - tested at -1.9°C, impact energy 33.0ft-lbs.

The test temperature of specimen C was just below the 

transition temperature 2°C. Notch-root deformation and the 

shear lip in specimen C were more developed than specimen B, 

but cleavage was still the predominant fracture mode. Figure 

4.52 shows the appearance of specimen B, characterized by 

cleavage facets.

Specimen D - tested at 10.2°C, impact energy 49.0ft-lbs.

This specimen was tested above the transition temperature. 

Cleavage appearance, along with tear ridges was still observed 

in the crack initiation site, shown as Figure 4.53. The 

cleavage "river pattern" marked as "A" on the figure still 

predominates but is not well developed and the tear-ridge 

marked as "B" on the figure represents a quasi-cleavage 

feature.

The examination of specimen C and specimen D reveals that 

cleavage fracture dominates the crack initiation around the 

transition temperature.

Specimen E - tested at 25.7°C, impact energy 61.5ft-lbs.
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Figure 4.52 SEM fractograph of specimen C, tested at -1.9°C

- A

n\

Figure 4.53 SEM fractograph of specimen D, tested at 10.2°C
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This specimen was tested at room temperature. The area of 

notch-root deformation and the shear lip in specimen E were 

larger than specimen D. The overall fracture surface shows the 

appearance of a mixture of river patterns, tear ridges and 

dimples. The crack initiation site shown in Figure 4.54 is 

characterized by the cleavage river pattern marked as "A", 

tear ridges marked as "B" and a small amount of dimpled 

rupture marked as "C". The lateral expansion of specimen was 

also bigger than those of specimens A, B, C and D. The change 

in fracture mode was correspondently manifested as the 

increase in impact energy.

Specimen F - tested at 55°C, impact energy 77ft-lbs.

The microvoid coalesence fracture mode, marked as "A", 

mixed with quasi-cleavage, marked as "B", was observed in the 

crack initiation site as shown in Figure 4.55. The crack 

propagation area was all dimple appearance. This was in 

accordance with the macroscopic examination of the fracture 

surface which showed more than 80% of the area was fibrous 

fracture.

Specimen G - tested at 100°C, impact energy 86.5ft-lbs.

Typical microvoid coalesence fracture mode was clearly 

identified in both crack initiation and propagation areas. 

Figure 4.56 shows the dimple appearance around the crack 

initiation site. Typical fibrous fracture covered 100% of the 

fracture surface.

130



V

Mi 
a

Figure 4."54 SEM fractograph of specimen E, tested at 25.7°C
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Figure 4.55 SEM fractograph of specimen F, tested at 55°C
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Figure 4.56 SEM fractograph of specimen G, tested at 100°C

4.4.3. DETAILED INVESTIGATION ON CVN SPECIMEN FRACTURE PROCESS

A number of fracture surfaces of CVN specimens which were 

tested at or close to their transition temperatures were 

examined. Figure 4.57b gives a typical example. A significant 

amount of plastic deformation prior to fracture, as evidenced 

by notch contraction, can be observed. The overall fracture is 

still 100% facetted. Fracture occurs by cleavage after 

localized yielding at the notch tip due to the attainment of 

the critical tensile stress, Cf, in these specimens. Cleavage 

can always be observed at the crack initiation site, as 

described in Section 4.4.2 and shown in Figure 4.57d.

Figure 4.58 schematically shows typical instrumented 
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Charpy impact testing results for a mild steel [45]. Also 

recall the schematic load-time curve of the instrumented CVN 

test shown in Figure 2.15. In region II in Figure 4.58, which 

corresponds to the transition temperature, 100% cleavage 

fracture appearance is indicated. The load-time curves of 

regions I and II indicate that the crack initiation energy is 

much greater than the crack propagation energy. This suggests 

that at the transition temperature and below, crack 

initiation will be the controlling step in the overall 

fracture process. Since crack initiation is localized in a 

small region, the microstructure and its mechanical behavior 

in this region will be significant in determining crack 

initiation.

Examination of CVN specimen fracture surfaces revealed 

that the fracture initiation sites in almost all of the 

examined specimens were not exactly located in the middle of 

the specimen width. The crack initiation sites were shifted to 

one side, as typically shown in Figure 4.57a. The maximum 

degree of stress triaxiality should normally be achieved in 

the middle of the specimen somewhere beneath the V-notch, and 

thus the middle should normally be the favored crack 

initiation site.

To understand this phenomenon, it is appropriate to review 

the HAZ structure of the multipass weld employed in this 

study. Figure 4.59 schematically illustrates the sub-zones of 

the first pass HAZ (Figure 4.59a) ,indicating how the sub-zones
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Figure 4.57 A typical demonstration of Charpy specimen of 
multipass HAZ, heat D, welded with 3KJ/mm and PWHT at 620°C 
for 10 hours. (a) The appearance of multipass HAZ in a Charpy 
specimen, (b) The fracture surface of Charpy specimen broken at 
transition temperature, (c) A microhardness profile in HAZ 

adjacent to multipass fusion line.
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Figure 4.57 (d) Cleavage fracture in crack intiation site

of the first pass are altered by the heat from the second pass 

(Figure 4.59b) and how Charpy specimens were extracted from 

this multipass weld (Figure 4.59c). Traveling along the 

fusion line from the bottom to the top in Figure 4.59c, one 

first encounters the coarse-grained HAZ of the first pass ; 

then one encounters the region of the coarse-grained HAZ of 

the first pass affected by the heat of the second pass (which 

is characterized by refined grains). Finally one encounters 

the coarse-grained HAZ of the second pass. Referring back to 

Figure 4.57a, the polished and etched surface of CVN specimen 

shows the appearance of the multipass HAZ. Microhardness 

testing was conducted in the HAZ adjacent to the fusion line
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Figure 4.58 Detailed analysis of instrumented Charpy tests, 
showing the different proportion of energy components at 
different test temperatures. (Ex-crack initiation energy, 

Ep-crack propagation energy) [45]

through the width of the CVN specimens. Figure 4.57c shows the 

microhardness profile.

The portion AB in Figure 4.57a represents the coarse­

grained HAZ of the first pass and it is not affected by the
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heat of the second pass. A higher hardness level, see Figure 

4.57c, was observed in this portion. From position B to 

position C, the coarse-grained HAZ of the first pass was 

affected by the heat of the second pass, resulting in refined 

grains and a reduced hardness in this portion. From C to D, 

hardness gradually increases, reflecting the response as one 

travels from the overlaping HAZs to the coarse-grained region 

of the second pass HAZ.

Normally for a homogeneous material, the favorable site of 

crack initiation should be in the middle of the specimen 

width, i.e., within the portion BC. Since the material in 

portion BC had been softened, the crack initiation was 

therefore shifted to the portion CD which was of higher 

hardness and lower toughness, but not shifted too far from the 

center of the specimen width due to the plane stress condition 

near the specimen side surface. Thus the crack initiation 

sites in CVN specimens with multipass HAZs are generally 

observed in higher hardness regions adjacent to the low-to- 

high hardness transition location. The initiation is normally 

in the coarse-grained HAZ of either the first pass, unaffected 

by the heat of the second pass, or in the second pass. This 

determination is meaningful since the Charpy impact energy, 

which depends to a great extent on the crack initiation 

response, and the micro-hardness data which were taken in the 

coarse-grained HAZ can now be linked through the same 

microstructural constituents.
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On the other hand, the transition temperature which is 

used as a measure of HAZ toughness depends upon the two 

temperature-sensitive parameters: the yield strength, ays, and 

the fracture strength, at.

The temperature sensitivity of yield strength is related 

to the qualitative characteristic of the Peierls-Nabarro 

stress or, the Peierls stress, op. The value of the Peierls 

stress depends on the width of the dislocation W, which 

represents a measure of the distance over which the lattice is 

distorted because of the presence of a dislocation. It can be 

expressed in the form [37][46]:

ap « Gexp(-2?rW/b) (4.6)

where W=a/(1-v), a is the distance between similar 

planes ; v is Poisson's ratio and G is shear modulus.

Since the Peierls stress depends on the short range stress 

field of the dislocation core, it is sensitive to thermal 

energy in the lattice and, hence, to the test temperature. The 

thermal enhancement of dislocation motion is limited at low 

temperature and the Peierls stress is large. In fee metals 

that have wide dislocations, the increase in Peierls stress 

with decreasing temperature is insignificant, since the 

Peierls stress is negligible to begin with. For bee metals 

that have narrow dislocations, however, the Peierls stress 

rises rapidly with deceasing temperature. The Peierls stress 

usually represents a large component of the yield strength in 

the low-temperature regime. The yield-strength temperature 
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sensitivity is therefore strong for bcc metals.

However, the fracture strength has a different temperature 

response. By using dislocation models and analysis [37][47], 

the fracture stress could be given by

of « 4GYmd'^Vky (4.7)

where = fracture stress

G = shear modulus

Ym =plastic work done around a crack as it moves through 

the crystal

ky = dislocation locking term from Hall-Petch relation 

d = grain size

Tetelman and McEvily indicated that Ym increases with an 

increase of unpinned dislocation sources, temperature and 

decreasing crack velocity [48]. Increasing temperature 

enhances the number of mobile dislocations, their mobility and 

speed, and hence increases Ym and af.

The intersection of the curve of yield strength oys versus 

temperature and the curve of fracture strength of versus 

temperature herein represents the transition temperature, as 

schematically illustrated in Figure 4.60.

The three-dimensional diagrams, shown as Figures 4.23 and 

4.24, give a clear image of strengthening in HAZs due to the 

addition of V and Nb, particularly in PWHT conditions. The 

strengthening mechanisms may include solid solution 

strengthening, precipitation strengthening and grain boundary 

strengthening. Since only small amounts of V and Nb were added
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and the solubilities of V and Nb in the steels at room 

temperature are extremely low, solid solution strengthening 

can be considered negligible. Grain refinements in the 

coarse-grained HAZ caused by V and Nb are different, as shown 

in Figure 4.14 and Figure 4.15, having previously discussed. 

An increase in Nb content from 0.005% to 0.06% results in an 

approximately 40% reduction in HAZ grain size, whereas an 

increase in V content from 0.005% to 0.10% had little effect 

on grain size, thus it is expected that V and Nb additions 

will not produce significant grain boundary strengthening in 

HAZ. The major contribution to strengthening therefore comes 

from precipitation of VC and NbC particles.

It is commonly accepted that only grain refinement 

produces simultaneous increase in ays and af, and reduction in 

transition temperature, but the HAZ grain size variations do 

not exert any beneficial influence on TT50J. In fact, while 

the grain size decreases from 283#m in 5kJ/mm-HAZ of heat B to 

170/xm in 5kJ/mm-HAZ of heat H, as shown in Figure 4.14, the 50 

Joule transition temperature correspondingly increases from 

-2°C to 26°C. Obviously the weak effect of grain refinement was 

concealed.

A comprehensive illustration of the effects of lower and 

higher microalloy additions on ays and af is given in Figure 

4.61.

Four stress-vs-temperature curves are drawn in Figure 

4.61. Curve 1 represents <rys of specimens with low V and/or Nb 
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contents, and curve 2 represents crys of specimens with high V 

and/or Nb contents. No doubt curve 2 occupies a higher 

position than curve 1 because of relatively stronger 

precipitation strengthening.

The additions of V and/or Nb strengthen the material 

through various mechanisms, restricting the number of free 

dislocations and their mobility, contributing toward 

increasing cys, while at the same time reducing the magnitude 

of Ym (ref. Equation 4.7). Likewise, ky can be adjusted to 

improve either Cf or uys but only at the expense of the other 

(compare the Hall-Petch relation cys= kyd~^ with Eq. 4.7) . 

Enhanced dislocations locking will increase cys but will 

decrease af directly according to Equation 4.7 and indirectly 

due to a decrease in the number of mobile dislocations and Ym« 

Another term in Equation 4.7 is grain size d. As we just 

discussed, HAZ grain size decreases from 283^m for heat B to 

170^m for heat H, representing the effect of Nb additions. The 

lower-shelf energies in 5kJ/mm-HAZ CVN transition curves of 

heat B are 6J, 7J and 5J for as-welded, PWHT 620°C/2hrs and 

620°C/10hrs, respectively, and 5J, 5J and 3J, respectively in 

heat H under the same conditions. This reveals that the 

reduction in grain size does not win the competition for 

increasing a^, whereas the terms Ym and ky are considerably 

affected by microalloy strengthening, resulting in decrease in 

Of. Recall also that vanadium additions have little effect on 

HAZ grain size.
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Returning now to a consideration of Figure 4.61, curve 3

represents the fracture strength af of specimens with low V 

and/or Nb contents, while curve 4 represents of of specimens 

with high V and/or Nb contents. The transition temperature is 

now increased from T, which corresponds to the intersection of 

°ys and Of for low V and/or Nb heats to T2 which corresponds to 

the intersection of oys and for high V and/or Nb heats. A 

transition temperature shift (T2-T1 ) is hereby produced due to 

increased additions of microalloy elements V and Nb.
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4.5. INVESTIGATION ON PRECIPITATES

4.5.1. IDENTIFICATION OF PRECIPITATES

3mm-diameter-disk thin foil specimens which were 

extracted from the HAZs of bead-on-plate weldments and twin­

jet-polished were examined either in a Philips EM300 operating 

at lOOkV or a Philips EM400 operating at 120kV.

Complex diffraction patterns were always observed in all 

specimens, including all test heats, welding heat inputs and 

PWHT conditions.

Prior to an investigation on the precipitation behavior 

of V/Nb carbides, efforts were made to insure correct indexing 

of the observed and recorded selected area diffraction 

patterns (SADP). It is clear that the complex pattern is a 

superposition of four individual SADPs. They are

( 1) matrix a-Fe spots which are usually the strongest 

spots in the complex SADP,

(2) cementite spots which exist only if there are 

cementite particles in the selected area,

(3) vanadium/niobium carbide spots, the principal 

constituents of interest, and

(4) Fe3O4 spots which arise from the surface oxidation.

In addition, the multiple diffraction patterns may be 

produced by two or more orientations of these diffracting 

substances. The multiple diffraction is also superimposed onto 

the observed complex SADP.
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4.5.1.1. MATRIX G-Fe SPOTS

The SADP of matrix a-Fe is easily identified and indexed 

because it is strong and well characterized. The 

identification and indexing of SADP of a-Fe are usually 

performed and utilized for two applications in this study.

First, the indexing of SADP of a-Fe spots may assist the 

indexing and identification of other SADPs by means of known 

orientation relationships, such as the orientation 

relationship between a-Fe and vanadium or niobium carbide, the 

orientation relationship between a-Fe and cementite, the 

relationship between fee and bee materials, etc.

Secondly, the indexing of a-Fe spots may be used for 

calibration of the camera constant. Figures 4.62a and 4.62b 

show the indexing of two a-Fe patterns with (Oil] and [012] 

zones, respectively. The operating accelerate voltage was 

120kV and camera length L was 575mm in the EM400 machine, the 

wave length A was 0.03345Â and thus the expected camera 

constant is 1L=19.234mmÂ.

(b)

Figure 4.62 SADPs of matrix a-Fe 
(a) [Oil] zone (b) [012] zone
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The distance, R, from the spots noted to the center spot 

in Figures 4.62a and 4.62b were measured, as shown in Table 

4.6. By using the lattice parameter of a-Fe 2.866Â and the 

calculated interplanar spacing dhkl for plane hkl, and by using 

Rd=AL, the camera constant was measured as average 19.22mmÂ. 

Compare with AL=19.234mmÂ given by the EM400 setting, good 

agreement can herein be acknowledged.

4.5.1.2. CEMENTITE SPOTS

As discussed in Section 4.2, the final HAZ microstruc­

tural constituents for both 3kJ/mm and 5kJ/mm heat inputs 

would include ferrite-carbide aggregates and M-A-C, where

Table 4.7 Measured camera constant from a-Fe spots

Spot 
destination

hkl dhkl 
(A)

measured 
R (mm)

AL=Rd 
(mmÂ)

A (Fig.4.62a) 200 1.433 13.5 19.34
B (Fig.4.62a) Oil 2.027 9.5 19.26
C (Fig.4.62b) 200 1.433 13.4 19.20
D (Fig.4.62b) 121 1.170 16.3 19.07

Measured Average AL=19.22mmÂ, EM400 setting AL=19.234mmÂ

interlath and intralath cementite exist. Figure 4.18a shows 

the interlath and intralath cementites in tempered martensite 

and Figure 4.19 shows the interlath cementite in bainite. In 

these cases the cementite spots are the basic group in an HAZ 

SADP.

Two MjC-type carbides, F 63c and MnsC, should be taken into 
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account in the Mn-bearing experimental heats in this study, 

both have an orthorhombic lattice with 12 metallic atoms and 

4 carbon atoms in one cell. Due to the similarity of iron and 

manganese, Fe3C and Mn3C can completely dissolve to each other, 

forming (Fe,Mn)3C in steel. The iron atoms in Fe3C can be 

substituted by manganese atoms in any ratio. For pure Fe3C, 

the lattice parameters are a=4.5235Â, b=5.0888Â and c=6.7431Â. 

The lattice parameters will slightly change as Mn3C is 

dissolved into Fe3C. The magnitude of this lattice parameter 

change depends on the percent of Mn in the steel, and no data 

on this relationship are available. This uncertainty in 

lattice parameters somewhat complicates the SADP’s indexing.

Figure 4.63 shows a bright field (BF) image, a centered 

dark field (CDF) image and the corresponding SADP for the HAZ 

of heat A, welded with 5kJ/mm and PWHT at 620°C for 10 hours. 

The dark field image was imaged from the arrowed spot in SADP, 

shown in Figure 4.63c, which was indexed as a (Fe,Mn)3C 

diffraction spot. The principal feature shown in these BF 

(Figure 4.63a) and CDF (Figure 4.63b) images is cementite, 

although some fine particles are noted in the BF image. The 

fine particles have been identified as surface iron oxide 

Fe3O4, which will be detailed in Section 4.5.1.4.

The indexing of a typical SADP is illustrated in Figure 

4.64. In this pattern, three groups of spots were identified: 

a-Fe, (Fe,Mn)3c and Fe3O4. The recorded SADP was enlarged by 

1.932 times for indexing. The interplanar spacing for
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(Fe,Mn)3C was calculated by using

1/dhki “ (h/a)2 + (k/b)2 + (1/c)2 (4.8)

and good agreement between the calculated spacing from 

Equation 4.8 and converted spacing from R in the diffraction 

pattern was obtained. The orientation relationship 

(001) cementitell (211) „.Fe known as the Bagaryatskii Orientation 

Relationship between cementite and a-Fe was observed. The Fe3O4 

spots indexed in Figure 4.64e will be further discussed in 

Section 4.5.1.4.
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Figure 4.63 Cementite in HAZ of heat A, welded with 
5kJ/mm and PWHT at 620°C for 10 hours.
(a) BF image (b) CDF image (c) SADP
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4.5.1.3. VC/NbC SPOTS

As described in Section 2.1.2, the carbides of V and Nb 

will be present in the form of VC and NbC when carbon content 

prevails over the V and Nb contents, as in the case of test 

heats of this study. VC and NbC, each of which possesses the 

NaCl crystalline structure, can form a continuous solid 

solution. The vanadium atoms in VC can be substituted by 

niobium atoms and vice versa. The lattice parameter of this 

(V,Nb) C may change with variation of relative concentration of 

V or Nb in the VC-NbC solution. Stoichiometric VC has a 

lattice parameter of 4.175Â and stoichiometric NbC has a 

lattice parameter of 4.460Â. Thus the lattice parameter of 

(V,Nb)C is expected to be within the range 4.175-4.460Â. 

Moreover, either VC or NbC could be hypostoichiometric, 

resulting in a slight reduction of the lattice parameter 

[12][13]. Hence (V,Nb)C could be so, too. This uncertainty in 

lattice parameter makes SADP indexing and identification 

difficult.

Nitrides of V and Nb were not taken into account in this 

research work because the nitrogen concentration was only 

0.006-0.008 wt.%, which is two orders of magnitude lower than 

carbon concentration in all heats. The nitrides of V and Nb, 

if any, are isomorphous with the carbides of V and Nb; the 

nitrogen and carbon atoms can substitute for each other.

The oxide surface layer which often forms on thin foil 

specimens can be a serious problem. This oxide, identified as
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Fe3O4, has the fee spinel structure with a lattice parameter 

approximately two times that of the (V,Nb)C. Moreover, the 

morphology of the oxide is small discrete particles with sizes 

similar to (V,Nb)C precipitates. These oxide particles confuse 

the identification of (V,Nb)C precipitates.

4.5.1.4. OXIDE SPOTS

It is a common problem in iron alloys that thin foil 

specimens are slightly oxidized.

Chen and Morris [49] examined the thin oxide film formed 

on a bcc Fe-Ni alloy surface using high resolution microscopy. 

They concluded that oxide layer (principally Fe3O4) forms 

spontaneously on bcc Fe-Ni alloy surfaces on exposure to air 

at room temperature. The oxide layer forms spontaneously on 

the thin foil specimen as soon as it is polished. This oxide 

layer consists of dispersed, tiny (-20Â) orientated particles 

rather than a continuous thin film.

Further work on an fee Fe-Ni alloy by Reuter et al. [50] 

indicated that the oxide reflections were observed in SADPs 

from all TEM thin foil specimens whether they were prepared 

with a twin-jet electropolisher, ion-beam thinning or jet­

polishing followed by ion cleaning. Among these three 

techniques, however, jet-polishing was reported to minimize 

the oxidation problem. Reuter et al. also indicated that the 

oxide forms as small (<30nm) discrete, orientated particles on 

fee Fe-Ni specimens, similar to the morphology in bcc Fe-Ni 
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specimens reported by Chen and Morris.

The Fe3O4 has a face-centered cubic spinel structure with 

a lattice parameter of 8.3963Â [49][50], which is, as stated 

above, almost exactly two times the lattice parameter of 

(V,Nb)C. Both phases also have the fee structure, which makes 

the distinction of carbide and oxide extremely difficult. The 

hkl spots of the carbide almost coincide with the 2h2k21 spots 

of the oxide in most orientations such as [Oil] a-Fe. Figure 

4.65 shows a typical example in this TEM study. The SADP shown 

in Figure 4.65a was taken with the crystal orientation close 

to [110] a-Fe zone. The indexed a-Fe pattern is illustrated in 

Figure 4.65c. Two oxide zones, [111] Fe3O4 zone and [211] Fe3O4 

zone, are presented together and indexed as Figure 4.65d and 

4.65e, respectively. The two Fe3O4 zones were considered to 

have arisen from the oxide on the top and bottom surfaces of 

the thin foil specimen.

Comparing the [110] a-Fe zone and [111] Fe3O4 zone, we 

have

(011) Fe3O4 || (001) a-Fe

(111) Fe3O4 || (Ï10) a-Fe

(110) Fe3O4 23 degree to (Ï12) a-Fe 

(131) Fe3O4 4 degree to (1Ï2) a-Fe 

All of these are consistent with the Nishiyama-Wassermann 

orientation relationship between fee and bcc materials [51]. 

As previously mentioned, there are some possibilities 

where (V,Nb)C and Fe3O4 may take up specific variants of their
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respective orientation relationships such that their 

diffraction spots superimpose or are reinforced by double 

diffraction from (V,Nb)C to Fe^O* reflections and vice versa. 

The 440 spots of Fe^ here could be confused with 220 spots 

of (V,Nb)C. It is of assistance in distinguishing Fe3O4 spots 

from (V,Nb) C spots that the Fe3O4 diffraction spots are 

characterized by the elongated shape and perpendicular to the 

radial direction, and that the higher the index the longer is 

the elongation. This feature can be seen in Figure 4.65a.

Figure 4.66 is an example of a CDF image of Fe3O4. The 

precipitate-1 ike morphology is observed, which is very similar 

to what reported by Chen and Morris in bcc Fe-Ni alloys [49]. 

Besides the irregular-shaped particles, Fe3O4 can be in the 

form of tiny oxide islands with size <50nm, as arrowed in 

Figure 4.66.

Again, Reuter et al. indicated that the oxide layer of 

Fe3O4 is independent of the specimen preparation technique. 

This oxide can be minimized only by using the jet-polishing 

technique followed by immediate examination of the foil [50] . 

This advice has been taken in this TEM study to minimize the 

oxide confusion.

4.5.1.5. DETECTION OF (V,Nb)C IN HAZ WHEN Fe3O4 IS PRESENT

Although the surface oxide problem arises, the carbide 

(V,Nb)C still can be distinguishable in some orientations 

where the separation of carbide from oxide patterns may be
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Figure 4.66 Surface oxide Fe3O4 morphology, 
arrows show oxide islands.

easier. Figure 4.67 presents a typical example which was often 

utilized for CDF imaging in this study. In this complex SADP, 

the [110] zone and the [1Ï0] zone of (V,Nb)C, and the [411] 

zone and the [411] zone of Fe3O4 are superimposed on the [100] 

zone of matrix a-Fe. The patterns are individually indexed as 

Figures 4.67c,d,e,f,g. Four (V,Nb)C spots, the (002) and (002) 

in the [110] (V,Nb)C zone, and the (002) and (002) in the 

[110] (V,Nb)C zone are separated from the oxide and the

a-Fe spots, as arrowed in Figure 4.67b. With these four 

spots, the CDF imaging can be performed. The diffraction 

condition shown in Figure 4.67a and the (002) carbide spots
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were also utilized for CDF imaging to show the NbC 

precipitates by J.Bosansky et al [52].

4.5.2. MORPHOLOGIES OF (V,Nb)C PRECIPITATES

As discussed in Section 2.1.3, four morphologies of 

(V,Nb)C precipitates have been identified. They are planar 

interphase precipitation, non-planar interphase precipitation 

(curved, irregular bands), random precipitation and fine 

carbide fibers. The planar and non-planar interphase 

precipitates are also defined as row-type or fine banded 

precipitates in the literature.

In this study, the planar and random (V,Nb)C precipitates 

were observed in the HAZ. The random distribution was the 

predominant morphology of the precipitate whereas the planar 

was rarely observed. Z.Yan et al.[53] also concluded that in 

a vanadium and titanium microalloyed low-carbon steel, both 

interphase precipitates and matrix precipitates were observed 

in ferrite grains. The latter is predominant and the former is 

rarely observed. This is consistent with the results of the 

examination of precipitate morphology in this study.

4.5.2.1. PLANAR INTERPHASE PRECIPITATION

Figure 4.68 shows an example of planar interphase 

precipitation. The micrograph was taken from the HAZ of heat 

I, the heat with the most V and Nb, welded with 5kJ/mm and 

PWHT at 620°C for 50 hours. It is clear that these
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precipitates show a row-type or banded distribution.

A series of papers has been presented for interpreting 

the formation of the banded morphology of VC or NbC 

precipitates [15] [21] [22] [54] [55] [56]. In plain carbon steel, 

the y-*a transformation leads to a range of morphologies 

including polyhedral ferrite and massive cementite, pearlite 

and several forms of bainite. However, in V/Nb microalloyed 

steels, the partial or complete replacement of cementite by 

alloy carbides of VC and/or NbC takes place. Alloy carbides 

precipitate from supersaturated austenite before the y-»a 

transformation or from supersaturated ferrite after the y-*a 

transformation. Alternatively, they can form simultaneously 

with ferrite during the y-*a transformation in the form of a 

very fine dispersion apparently in regular rows. These rows 

are actually sheets of carbide nucleated at the y/a boundaries 

during transformation and are therefore called interphase 

precipitates.

In a y-*a transformation, the speed of the movement of the 

y/a interface is controlled by the diffusion rate of carbon at 

the austenite frontier. As the a phase grows, the carbon 

content at the austenite front gradually increases. The alloy 

carbides nucleate and grow at the y/a interface when the 

increasing carbon content reaches a certain value. While the 

carbides nucleate and grow, the y/a interface becomes 

stationary and carbon concentration drops. As the carbon 

concentration lowers, the alloy carbides stop growing. The a 
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phase again begins to grow and the y/a interface moves 

forward, leaving a planar sheet of carbide behind. This 

process is repeated again and again, resulting in the 

formation of a parallel banded morphology of precipitation. 

This morphology is particularly found in vanadium-containing 

steels where the higher solubility of VC allows a larger 

volume fraction of precipitates in both austenite and ferrite.

A more detailed explanation of the planar interphase 

precipitation in V and Nb microalloy steels has been presented 

by Campbell and Honeycombe [15][57]. In the y-*a 

transformation, the orientation relationship most commonly 

found to develop between fee and bee phases is either the 

Kurdjumov-Sachs or the Nishiyama-Wassermann relationship. For 

the low energy interfaces which are commonly (111) austenite | 

(110) ferrite/ the growth of ferrite can only be accomplished by 

a ledge mechanism as schematically shown in Figure 4.69. The 

planar a/y boundaries are relatively low energy interfaces and 

thus posses intrinsically low mobility. Steps involving higher 

energy interfaces can move much more rapidly and so 

accommodate the transformation. However the nucleation of 

carbide particles does not normally occur on migrating steps, 

otherwise the transformation would cease. Instead, the 

nucleation occurs on the newly created planar interface behind 

the steps, resulting in a banded dispersion where the band 

spacing is the same as the step height. The step height is 

largest at the highest transformation temperature and

161



Figure 4.68 (V,Nb)C precipitates with banded morphology, 
observed in the HAZ of heat I, welded with 5kJ/mm 

and FWHT at 620°C for 50 hours

Planar sheets of carbides'

Partially coherent, immobile 
(iiDy/ZdlOloimerface

Carbide 

— Mobile ledge

Planar interphase precipitationFigure 4.69 (schematic)
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decreases as the temperature is lowered. It is obvious that 

the banded morphology and the relevant mechanism apply only 

during the transformation (not before or after) and that 

the cooling rate must be slow enough so that the diffusion of 

microalloy atoms can take place.

In this study, the banded morphology of precipitates was 

only observed in very few areas in the HAZ of heat I welded 

with 5kJ/mm, which represents the most microalloy addition and 

lower cooling rate. This indicates that in the HAZ the special 

requirements for interphase precipitation can rarely be met.

4.5.2.2. RANDOM PRECIPITATION

Random distribution of precipitates is the predominant 

morphology observed during the HAZ electron microscopic 

examination. To produce these random precipitates, three 

precipitation sequences are possible:

1, Precipitation before the y-*a transformation.

2, Precipitation after the y-»a transformation, including 

during cooling and subsequent post-weld heat treatment.

3, Precipitation during the y-»a transformation, nucleating 

on higher energy y/a interfaces which do not require step 

propagation in order to migrate, and hence no banded 

morphology will be produced.

Figure 4.70 shows a common example of precipitates 

randomly distributed in ferrite. It is difficult to 

distinguish the particles which are precipitated before, 
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during or after the y-»a transformation. Detailed examination 

shows that the random precipitates are distributed on 

dislocations and in the matrix of ferrite. The matrix 

precipitation is related to homogeneous nucleation which needs 

higher driving force; hence a higher supersaturation is 

required. Whereas in the case of heterogeneous dislocation 

precipitation, particle nucleation at much lower super­

saturation can be observed. The dislocation precipitation of 

(V,Nb)C will be discussed in the next section.

Vf<8
S/ : •

Figure 4.70 Random precipitation of (V,Nb)C 
in the HAZ of heat I, welded with 3KJ/mm 

and FWHT at 620°C for 10 hours.
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4.5.3. DISLOCATION PRECIPITATION OF (V,Nb)C

Particles preferentialy precipitate on crystalline 

defects such as dislocations, grain boundaries and sub­

boundaries. Figures 4.71a and 4.71b show the (V,Nb)C particles 

precipitated in dislocations. Figure 4.71a is a micrograph 

taken from the HAZ of heat I welded with 3kJ/mm and PWHT at 

620°C for 10hours, showing ferrite laths with interlath 

cementite and intralath (V,Nb)C carbide particles. Arrows 

indicate the particles precipitated on dislocations. The low 

angle boundary marked as A-A in Figure 4.71a is characterized 

by fringe contrast (due to a network of parallel dislocations) 

and large cementite particles. Here, by using the dislocation 

model for tilt grain boundaryies [58], the relationship 

between the dislocation spacing, D, in the array, the Burgers 

vector, b, and the tilt angle, 6, has been established as 

D«b/0. For a rough estimation, D is measured from Figure 4.71a 

as 8nm (80Â) and taking b=a=2.866Â for a-Fe, the tilt boundary 

model, 0«2° (0.035rad), is satisfied.

The (V,Nb)C particles precipitated in the dislocation 

array are visible, as arrowed and marked with "P" in Figure 

4.71a.

Figure 4.71b, also showing dislocation precipitation in 

ferrite, is taken in the HAZ of the same heat I after PWHT but 

welded with 5kJ/mm.

Beside dislocation precipitation, matrix precipitation is 

also observed in Figures 4.71a and 4.71b. For either
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Figure 4.71 Dislocation precipitation of (V,Nb)C 
in the HAZ of heat I, (a) 3kJ/mm and PWHT 620°C/10hrs.

(b) 5kJ/ma and PWHT 620°C/10hrs. 
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dislocation precipitation and matrix precipitation, the 

(V,Nb)C particle sizes of 5nm-15nm can be estimated.

The (V,Nb)C particles precipitated on dislocations and in 

the matrix serve as obstacles to the movement of dislocations. 

The extremely high hardness of V and Nb carbides, HV2094 for 

VC and HV2400 for NbC, and some expected similar high number 

for (V,Nb)C, indicates that the particles are sufficiently 

strong to force the dislocations to bow between them as shown 

in Figure 2.14. The Orowan mechanism, or looping mechanism, 

applies in this situation and the mechanism has been described 

in Section 2.3.3. In terms of Equations 2.8. and 2.9, the 

increment in flow stress due to particle resistance will be 

dependant on the volume fraction of the precipitates. The 

amount of microalloy additions, the weld heat input and PWHT 

will considerably affect the volume fraction of precipitates 

in the HAZ. However, the quantification of the vplume fraction 

of precipitates in the HAZ is difficult, as explained below.

4.5.4. QUALITATIVE OBSERVATION ON PRECIPITATION

Three problems arise in quantification of the volume 

fraction of (V,Nb)C particles in the HAZ. First, the HAZ is a 

narrow region characterized by inhomogeneity in the 

microstructure, including the distribution of precipitates. It 

is difficult to choose the examination areas in the thin foil 

to be exactly representative of the distribution of the 

particles. Secondly, the (V,Nb)C particles observed in a TEN 
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bright field image could frequently be confused by the surface 

oxide particles as discussed before. Thirdly, using a centered 

dark field image may alleviate the oxide confusion, but 

(V,Nb)C usually precipitates with several variants, as shown 

in Figure 4.67. A CDF image from one (V,Nb)C reflection can 

not include the (V,Nb)C particles of other variants. Hence, 

particles counted in the CDF image may be far fewer than the 

overall number of the (V,Nb)C precipitates.

Nevertheless, some qualitative comparisons in precipi­

tation behavior have been made, and are presented here:

(1) The content of vanadium and/or niobium in experimental 

heats is the principal variable that affects the volume 

fraction of precipitates in the HAZ.

Four representative heats, A,C,G and I, the four corners 

in the composition matrix, have been examined. The results of 

TEM examination on the HAZ are discussed as follows:

Heat A, welded with 3kJ/mm, PWHT at 620°C for lOhours.

Heat A has the least V and Nb contents (0.005%V and 

0.004%Nb) . Due to the lack of strong carbide-forming elements, 

V and Nb, the iron and manganese carbide, cementite (Fe,Mn)3C 

developed in the HAZ, as shown in Figure 4.63. No alloy 

carbide (V,Nb)C reflection was detected in the TEM SADP and 

the precipitate-like particles observed in the BF image were 

identified as Fe3O4.

Heat C, welded with 3kJ/mm, PWHT at 62 0°C for lOhours.
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Heat C contains the most V (0.097%) and the least Nb 

(0.005%). Figures 4.72a,b,c, show the BF image, CDF image and 

SADP in the HAZ of heat C, respectively. The randomly 

distributed precipitates were examined. The CDF image was 

imaged from the (002) spot of (V,Nb)C.

Heat G, welded with 3kJ/mm, PWHT at 620°C for lOhours.

Heat G contains the most Nb (0.049%) and the least V 

(0.005%). Figure 4.73a,b,c shows the BF image, CDF image and 

SADP in the HAZ of heat G, respectively. The randomly 

distributed precipitates with similar particle size and 

distribution density to those of heat C (Figure 4.72) were 

observed.

Heat I, welded with 3kJ/mm, PWHT at 620°C for lOhours.

Heat I, with the most V (0.097%) and Nb (0.06%) contents, 

shows the largest volume fraction of (V,Nb)C particles, as 

shown in Figures 4.71a and 4.71b.

(2) The welding heat input somewhat affects the 

precipitation process.

Both Figure 4.71a and Figure 4.71b are taken from the HAZ 

of heat I at the same magnification. Figure 4.71a is of 3kJ/mm 

heat input whilst Figure 4.71b is of 5kJ/mm. Particles 

precipitated in the matrix in Figure 4.71b, the 5kJ/mm 

specimen, are somewhat coarser, compared with those in Figure 

4.71a, the 3kJ/mm specimen. The former were precipitated 

during cooling and coarsening arose from the slower cooling 

rate and longer duration at higher temperatures due to the
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Figure 4.72 (V,Nb)C precipitates in HAZ of heat c, 
welded with 3KJ/mm and FWHT at 620°C for 10 hours.

(a) BF image (b) CDF image (c) SADP
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Figure 4.73 (V,Nb)C precipitates in HAZ of heat G
welded with 3KJ/mm and PWHT at 620°C for 10 hours.

(a) BF image (b) CDF image (c) SADP
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higher welding heat input. The dislocation precipitates, 

however, show similar particle size in both 3kJ/mm and 5kJ/mm 

specimens, suggesting that the dislocation precipitation 

occurs at relatively lower temperatures on cooling and during 

PWHT. These results agree with the results of Balliger and 

Honeycombe [54].

(3) The volume fraction of precipitates, as expected, 

increases with increasing PWHT time.

Figures 4.74a and 4.74b are the electron micrographs 

taken from the HAZ of heat C welded with 3kJ/mm and in the as- 

welded condition. Figures 4.73a and 4.73b are the same heat 

but post-weld heat treated at 620°C for 10hours. It is 

noticeable that the (V,Nb)C particle density increased as the 

PWHT was performed.

It can be summarized that the volume fraction of (V,Nb)C 

precipitates increases with increasing V and/or Nb contents, 

and with PWHT time. This is consistent with the variation in 

mechanical behavior described in previous sections, revealing 

the predominant contribution of (V,Nb)C precipitation. The 

slight coarsening of (V,Nb)C particles in the 5kJ/mm HAZ can 

be partially account for the lower hardness in the 5kJ/mm HAZ 

than in the 3kJ/mm HAZ.
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Figure 4.74 (V,Nb)C precipitates in the HAZ of heat C
welded with 3kJ/mm, as-welded condition
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5. CONCLUSIONS

As a result of this investigation, a better understanding 

of the detrimental effect of the additions of microalloy V and 

Nb on impact toughness of the multipass heat affected zone 

(HAZ) of C-Mn steels was achieved. The following conclusions 

may be drawn from the research:

1, The average maximum microhardness in the coarse­

grained HAZ increases with increasing additions of the 

microalloy elements V and Nb in all six experimental 

conditions (3kJ/mm and 5kJ/mm welding heat inputs, as-welded 

and PWHT at 620°C for 2 hours and 10 hours ) . The increase in 

HAZ hardness is caused by the precipitation of V and Nb 

carbides (V,Nb)C. Niobium is found to be a stronger 

precipitation hardening element than vanadium in the HAZ. 

Among the as-welded, PWHT 620°C/2hrs and PWHT 620°C/10hrs 

conditions, the greatest precipitation hardening is observed 

in the PWHT 620°C/2hrs condition in both 3kJ/mm and 5kJ/mm 

specimens.

2. The Nb addition effectively reduces the grain size in 

the coarse-grained HAZ whilst the V addition has little 

effect. Both Nb and V additions suppress development of grain 

boundary ferrite. Nb is more effective than V in suppressing 

grain boundary ferrite.

3. It is clear that the V and Nb additions degrade 

Charpy impact toughness of both normalized base plates and 
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HAZ s in various conditions. The most significant detrimental 

effects of V and/or Nb additions on 50 Joule transition 

temperature (TT50J) are found in post-weld heat treated 

specimens. The worst case observed was the HAZ of Heat 1, 

containing 0.097%V and 0.06%Nb (the highest microalloy 

addition) , welded with 3kJ/mm and PWHT 620°C/2hrs, where the 

shift in TT50J is as much as 61°C due to V and Nb additions.

The same trends are observed in variations of HAZ TT50J 

toughness and the maximum HAZ hardness with varying V and Nb 

contents.

Post-weld heat treatment must be used with caution in 

HSLA steels microalloyed with V and/or Nb because it enhances 

the HAZ hardness but causes detrimental effects to HAZ 

toughness. .

4, In multipass HAZ Charpy specimens tested at 

approximate transition temperatures, crack initiation sites 

are somewhat shifted from regions of maximum stress 

triaxiality to lower stress but higher hardness locations and 

show a cleavage appearance. In this case, the increase in 

transition temperature is attributed to the influences of V 

and Nb additions on the yield stress, orys, and fracture stress, 

af.

5, In the untempered HAZ region , during specimen 

preparation for electron microscope examination, iron oxide, 

Fe3O4, forms spontaneously on thin foil specimens as small, 

discrete and orientated particles. Both oxide and V/Nb carbide 
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(V,Nb) C have fee structures and the former has a lattice 

parameter twice the latter. This makes study of (V,Nb)C 

precipitation difficult. The confusion of (V,Nb)C with oxide 

can be minimized by using jet-polishing followed by immediate 

examination of the foil. The V/Nb carbide can be 

distinguished from the oxide under some specific orientations.

6, Random distribution of precipitates of (V,Nb) C is the 

predominant morphology in HAZs, including matrix precipitation 

and dislocation precipitation, with particle sizes of 5-15nm. 

Banded morphology of (V,Nb)C precipitates is rarely observed 

in the HAZ.

7, The volume fraction of (V,Nb)C precipitates increases 

as increasing V and/or Nb contents in experimental heats. The 

volume fraction of (V,Nb) C precipitates also increases as PWHT 

is used.
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6. SUGGESTIONS FOR FUTURE RESEARCH WORK

It has been noted that there are difficulties in 

preparing the HAZ Charpy specimens with a perfectly straight 

fusion line. Since the coarse-grained HAZ is so narrow it is 

difficult to test. Any slight imperfection in specimen 

preparation, such as a not flat fusion boundary or 

inaccurately placed notch, may cause data scatter. Weld 

simulation was at first considered in place of actual welding, 

however, the microstructural complexity of the multipass HAZ 

makes the simulation difficult. The ligament in a Charpy 

specimen with a multipass HAZ through which the crack frontier 

travels across includes various microstructural constituents 

resulting from more than one thermal cycle. A desirable 

alternative is a Gleeble simulation of a multipass weld which 

could duplicate the microstructural features presented in the 

ligament. A proper simulation design needs to be determined. 

This would have the advantage of thermal process control and 

thermal process repeatability. Using weld simulation of a 

multipass weld is therefore attractive and is suggested for 

future research work in this area.
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